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MECHANISMS OF HIGH PRESSURE HYDROGEN ENVIRONMENT EMBRITTLEMENT IN 
AUSTENITIC STAINLESS STEELS UNDER TENSILE AND FATIGUE LOADING 
By Michal Jakub Lewandowski 
Hydrogen is known to degrade the mechanical performance of many engineering materials. The 
effects of its entry into metal matrices from manufacturing processes and service environments 
has been reported previously to result in loss of ductility and fracture toughness as well as 
increased fatigue crack propagation rates. One of these damage mechanisms, hydrogen 
environment embrittlement, was explored in stainless steels in order to provide better 
understanding of the role of the composition and microstructure in susceptibility to the effects of 
high-pressure hydrogen atmosphere on tensile and fatigue performance.  
  Current knowledge in the field has been extended by investigating the influence of a high 
pressure hydrogen environment on monotonic tensile failure and fatigue crack propagation 
processes in the austenitic stainless steels, 304L and 316L, and to explore the effects of secondary 
variables on damage severity (temperature, pressure, frequency). Assessment of the role of 
microstructure and composition on susceptibility to damage was completed by comparison of 
alloys’ relative performance and their fracture characteristics by conducting tensile and fatigue 
testing in high pressure hydrogen environment at pressures ranging from 200 to 1000  bar and 
temperatures between -50 and +50˚C. Fatigue testing work at high pressure (above 450  bar) and 
in the low temperature regime was completed using equipment designed as a part of the EngD 
project.  
  Testing under high pressure hydrogen environment resulted in pronounced loss in ductility and 
increase in fatigue crack propagation rates in both materials, 304L steel was more adversely 
affected in all testing conditions than 316L. The degree of damage was observed to increase with 
increasing hydrogen pressure and reducing temperature in both load regimes. Increased testing 
temperature resulted in partial recovery of global ductility measurements in tensile tests while 
fatigue crack propagation rates were still significantly increased.  
  The embrittlement mechanisms differed between 304L and 316L steels due to the different 
phase stability and deformation mechanisms characterising these alloys. In 304L, hydrogen was 
seen to facilitate crack propagation along microstructural features such as slip bands, phase and 
twin boundaries, with some indication of the effects of localised plasticity. While some of these 
mechanisms were observed to be operative in 316L, it was difficult to attribute the fracture of this 
steel to a particular mechanism. It appears that martensite formation and planar slip processes 
were not the only necessary conditions for hydrogen embrittlement. Features of interfacial 
fracture were noted in this steel, particularly at ferrite stringers and austenite matrix, possibly 
indicating fracture due to local accumulation of hydrogen and consequent ferrite embrittlement 
and localised fracture.  
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Chapter 1: Introduction 
1.1 Background 
Utilisation of hydrogen as a fuel and energy carrier in aerospace and automotive transport 
systems requires an in depth understanding of performance characterisation methods and 
fracture mechanisms of the materials used in the hydrogen environment. Safe and reliable design, 
ensuring commercial acceptability, needs to be based on sound understanding of hydrogen 
related damage processes of the relevant engineering materials. Assessment of the important 
environmental variables influencing their performance will lead to informed standardisation of 
test methods applicable to design of components applied in extreme hydrogen service conditions. 
The presence of hydrogen, introduced during production processes such as welding or plating, or 
originating from the service environment via corrosion or from hydrogen bearing environments, 
has been seen to threaten the integrity of numerous metallic and non-metallic materials used in 
many engineering applications. These deleterious effects of hydrogen arise from various internal 
and external damage mechanisms such as high temperature hydrogen attack, stress corrosion 
cracking and hydrogen environment embrittlement. Of particular interest in this work is the 
mechanism of hydrogen embrittlement in materials subject to a high pressure hydrogen 
environment in order to provide more understanding of this phenomenon and its effects on the 
deformation processes and fatigue behaviour of selected stainless steels.   
The problem of the deleterious hydrogen influence on materials ductility and fracture resistance 
has been investigated by many researchers in the past, however there is still little agreement on 
the exact mechanisms of fracture, and limited experimental data in the available literature 
concerning high pressure hydrogen influence on fatigue fracture. This on-going debate and 
scarcity of experimental data in the field indicates that such experimental results and the more 
detailed understanding generated in their analysis will be of considerable importance to a range 
of commercial and research organisations.  Such analysis will provide insight into the mechanisms 
of hydrogen embrittlement and hence verify the effects of key variables such as temperature and 
pressure on the acceleration of damage processes.  
Research work on candidate materials for high pressure hydrogen applications has to date mostly 
concentrated on comparison of their tensile performance in air and hydrogen, or in ‘as received’ 
and hydrogen charged conditions. Investigations of fatigue behaviour of engineering alloys in 
hydrogen gas environments have remained scarce. Utilising the unique capabilities of the project 
sponsor company, TWI Ltd, and further development of these facilities will allow for collection of 
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unique data in the field.  This data will contribute to the current state of knowledge in the field of 
hydrogen environment embrittlement of ferrous alloys by concentrating on selected 
representatives of candidate materials for future hydrogen gas delivery systems applications. A 
comprehensive experimental investigation of the effects of high pressure hydrogen atmosphere 
on materials ductility and fracture mechanisms in fatigue has therefore been conducted. The 
research methods were developed based on review of work reported in the literature and were 
used in collection and analysis of the numerical data and fractographic evidence.  
This chapter introduces the research problem and materials being investigated together with the 
methods used in conducting the work. The chapter concludes with a summary, outlining the 
thesis structure and giving a broad overview of the key areas of the investigation. 
1.2 Hydrogen environment embrittlement 
There are numerous mechanisms of hydrogen related damage that operate in modern 
engineering alloys across a wide range of service environments. Depending on the hydrogen 
source (for example environment, corrosion, welding) numerous mechanisms of hydrogen related 
damage have been identified, such as hydrogen attack or hydrogen embrittlement [1]. Often the 
various mechanisms are classified in terms of the service environment and include high 
temperature hydrogen attack, hydrogen cracking and stress corrosion cracking. In materials 
exposed to hydrogen or hydrogen bearing atmosphere the damage mechanism is called hydrogen 
environment embrittlement. It is evidenced by loss of ductility of the material upon straining.  
The damaging influence of hydrogen on the ductility and toughness of susceptible materials has 
been noted by researchers over 100 years ago as reported by Robertson [2]. Intensive research in 
the field in the past 40 years [3] has allowed identification of key micro mechanisms of damage 
and safe operating limits for various engineering materials. The most popular models of hydrogen 
embrittlement include: 
• Hydrogen-enhanced dislocation creation from the surface region, 
• Hydrogen-induced reduction in lattice cohesive strength, 
• Hydrogen-enhanced localised plasticity (HELP), 
Other mechanisms identified include hydride formation, vacancy production and hydrogen 
induced phase transformations [2].  
Hydrogen environment embrittlement (HEE) may be a result of the coexistence and interplay of 
the above mechanisms and their interaction with material deformation mechanisms. The effects 
noticeable in terms of the macro scale mechanical performance include loss of ductility measured 
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by drop in % elongation and % reduction in area as well as increased fatigue crack propagation 
rates and reduction in fracture toughness. HEE has been observed to affect numerous engineering 
materials such as carbon steels, austenitic stainless steels, superalloys (nickel, cobalt and iron 
based) as well as titanium and aluminium alloys [1]. 
The literature review chapter of the thesis provides background information on the key HEE 
mechanisms and presents an overview of hydrogen effects on deformation and failure modes in 
the studied materials. The design of the experimental test matrix was based on these 
considerations and informed the analysis of the data obtained in this project.  
1.3 Materials of interest 
While the future design concepts of hydrogen storage tanks for automotive applications may not 
rely on metals as a structural component, the hydrogen compression/production and distribution 
systems will be manufactured from metallic materials. Furthermore, metallic materials are used in 
aerospace, as well as bulk transport applications for storing and handling of liquid and gaseous 
hydrogen. Currently, austenitic stainless steels with Ni and Cr as primary alloying elements are 
seen as candidate materials for high-pressure hydrogen applications due to their relatively good 
performance in the presence of external hydrogen [4] as well as retention of ductility at low 
temperatures which is critical for liquid hydrogen applications. The research in this thesis is 
directed towards gaining more understanding of HEE mechanisms for this material group as well 
as providing potential inputs for the development of new, hydrogen embrittlement resistant 
alloys for future applications. While the influence of hydrogen on the mechanical performance of 
austenitic stainless steels has received substantial interest ([5], [6], [7], [8]), the exact mechanisms 
of HEE remain a topic of intensive discussion for researchers in the field [9]. 
Two representatives of austenitic stainless steels were therefore chosen to be investigated during 
the EngD research programme. Low Ni, 304L, and higher Ni, 316L, grades were investigated in 
terms of hydrogen influence on their short term mechanical performance and fracture 
mechanisms during cyclic loading. The selected grades are typically fully austenitic in structure, 
with the presence of small amounts of δ-ferrite from solidification. Austenitic microstructures 
ensure good ductility at low temperatures and Cr alloying provides a self-healing oxide layer on 
the materials surface ensuring their good resistance to corrosion. The main difference between 
the two selected grades is in terms of their differing stability with respect to strain induced 
martensite formation. The lower austenite stability (due to the lower Ni content) of the 304L steel 
translates to a greater martensite content development during straining, while the 316L grade 
retains its purely austenitic microstructure to higher strains or lower temperatures [10]. 
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Materials’ alloying content and behaviour during deformation have been seen by previous 
researchers to greatly influence their performance in hydrogen atmospheres, thus detailed 
investigation of the material composition and microstructure was also a goal of the EngD project. 
1.4 Research methodology 
Experimental investigation of materials properties and their performance in air and hydrogen 
atmospheres under both monotonic and cyclic loading forms the core of the EngD research. 
Existing literature has been used in selection of appropriate test methods. Composition and 
microstructure characterisation together with investigation of baseline material properties 
provides initial background data to compare with results of tests under hydrogen atmosphere. 
The findings have been used to elucidate the high-pressure hydrogen effect on materials 
performance and its effect on the observed fracture micro-mechanisms. 
Development of the project test plan was based on the literature review as well as the industrial 
project sponsors’ goals of development of novel experimental techniques and collection of 
experimental data in line with the research in the field. Industry trends for maximisation of the 
operating pressure of hydrogen systems were considered together with potentially varying 
service temperatures by conducting testing at various pressures and across a wide temperature 
range. Additionally, frequency and pressure scanning tests were introduced to allow for 
investigation of time dependent effects in fatigue as well as verification of the effects of 
environment pressure in a single experiment. 
The numerical data has been methods based on applicable standards and procedures to allow for 
direct comparison of the observed effects in tensile and fatigue tests. Fractographic evidence has 
been gathered using SEM and EBSD techniques, following appropriate specimen preparation and 
handling to ensure representativeness of obtained results. 
Design and commissioning of fatigue testing equipment for one of project sponsor test vessels, 
described later in the thesis, formed one of the preliminary parts of the EngD research.  The 
developed equipment has been successfully used in testing, allowing the complete test matrix to 
be executed. Development of the test and data analysis methods together with equipment 
deployment activities has been described in the Methodology chapter of the thesis.  
1.5 Summary 
This thesis summarises the work completed during the EngD project by first presenting a detailed 
review of literature together with the developed research methodologies and is concluded by 
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presentation and discussion of the collected data. The results have been related to the existing 
literature in order to confirm previous observations or to state hypotheses for continuation of the 
research work. This EngD project has provided novel experimental data to enable further 
understanding of hydrogen gas influence on fracture micro-mechanisms in austenitic stainless 
steels during fatigue crack growth. Key findings from the research have been summarised in the 
conclusions chapter. 
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Chapter 2: Literature review 
2.1 Mechanisms of hydrogen environment embrittlement 
This section concentrates on hydrogen embrittlement (HE) mechanisms in austenitic stainless 
steels. Over the years, many concepts have been developed in an attempt to explain the failure 
mechanisms and microscopic level events in terms of hydrogen embrittlement models. Due to the 
nature of austenitic steels it is relevant to explore the mechanisms of deformation and dislocation 
dynamics interactions with hydrogen as well as phase stability and possible hydride evolution in 
these materials. 
Investigation of the literature allows categorisation of hydrogen embrittlement mechanisms. 
Literature studies on research developments concerning stainless steels, presented by Lo [10],  
accompanied by extracts of the studies of Lynch [9], identify the following mechanisms of 
hydrogen embrittlement in stainless steels: 
• HE mechanisms: 
o Hydrogen-induced localized plasticity (HELP), 
o Hydrogen-enhanced decohesion (HEDE), 
o Adsorption-induced dislocation emission (AIDE), being a synthesis of the HELP and 
HEDE models, proposed by Lynch [9], 
• Micro-mechanisms: 
o Hydrogen influence on dislocations, 
o Hydrogen transport with dislocations, 
o Lowering of stacking fault energy (SFE) due to hydrogen presence, 
o Formation of ε-martensite, 
o Formation of hydrogen-rich, pseudo-hydride, phases (ε*, γ*), 
o Accumulation of hydrogen at lattice defects, precipitates, crack tips and grain 
boundaries, 
This study first focuses on the investigation of micro-mechanisms as the governing principles to 
understand generalised HE mechanism concepts, presented later in the study. Some of the above 
presented models are widely recognised (such as HELP), however due to advances in 
experimental techniques, certain models have been questioned (e.g. HEDE, hydride phase 
evolution) as will be shown later in the study. Solute effects on dislocations, hydrogen influence 
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on SFE in austenitic steels and investigation of atomic bond strength interaction with interstitial 
hydrogen present in the lattice, are amongst the topics discussed. 
2.1.1 Hydrogen interaction with dislocations 
One of the most widely cited results of investigation of hydrogen interaction with dislocations in 
austenitic steels is the study of Ferreira [11], where the hydrogen shielding effect on the 
dislocation stress field was directly observed via in-situ TEM observation of 310 austenitic steel 
foils exposed to a hydrogen environment. It was seen that the separation of perfect dislocations 
in a pile up against a grain boundary reduced upon introduction of hydrogen into the 
environmental cell, as seen on the composite TEM image presented in Figure 1 and the measured 
dislocation separation distances have been collated in Figure 2. It was seen that the separation 
distance between dislocation pairs not only reduced in a hydrogen atmosphere but that this was 
proportional to the hydrogen pressure in the cell. Upon removal of the hydrogen atmosphere the 
position of the dislocations remained constant and the motion of advancing dislocations was 
hindered and eventually stopped. Similar observations were made regarding the behaviour of 
partial dislocations bounding stacking faults in 310 steel. The partial dislocations were observed to 
move in a hydrogen atmosphere and the effect (similarly to that seen in the perfect dislocations) 
was not reversible, i.e. hydrogen removal from the cell did not change the dislocations’ position. 
Similar findings have been described by Beachem [12] who attributed the enhanced dislocation 
activity to hydrogen enhancing dislocation multiplication and motion at reduced stress levels. 
Enhanced dislocation activity (evidenced by elastic shielding effects) is accompanied by solute 
hydrogen transport with advancing dislocations [9] (confirmed by Tien [13] as a more effective 
hydrogen transport method than diffusion). Segregation of solutes to the stress field around a 
dislocation, known as Cottrell atmosphere formation and their transport with dislocations has 
been seen as one of the factors contributing to hydrogen embrittlement. It is expected that a 
Cottrell solute atmosphere will hinder the dislocation by creating both static drag (pinning the 
dislocation and preventing it from starting to advance) and dynamic drag (depending on solute 
diffusion speed, slowing down or intermittent pinning-release events in the form of Portevin-Le 
Chatelier instabilities) [14]. However the experiment of Ferreira [11] showed that dislocation 
motion was enhanced contrary to these expectations, it was concluded that the hydrogen 
atmosphere creates a shielding effect on dislocation interaction with solute atoms other than 
hydrogen, thus reducing the drag on dislocation advance. 
The reduction in dislocation interaction force has been attributed to a (local) hydrogen softening 
effect on the material [9]. The softening effect of hydrogen, together with its influence on 
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dislocation speed has been explored in more detail by Gavriljuk [15] who investigated the 
influence of interstitial C, N and H atoms on the electron structure of iron. It has been found that 
hydrogen and nitrogen increase the metallic character of the interatomic bonds in the lattice, 
while carbon tends to change the trend to a covalent behaviour. The shear modulus is thus 
expected to be increased by carbon (hardening) and reduced by nitrogen and hydrogen 
(softening). The earlier anticipated reduction in shear modulus is directly translated into reduction 
of distance between dislocations in the pile-ups, as experimentally observed by Ferreira. The local 
softening, reduction in start stress for dislocations and their separation in pile-ups formed some 
of the basis of the HELP model.  
The behaviour of dislocations is one of the controlling factors of the deformation mechanisms 
seen in strained materials. In addition to dislocation-dislocation interaction and solute 
pinning/shielding effects, it is important to understand the slip mechanisms occurring in the 
relevant materials and their consequence on failure. Hydrogen embrittlement in austenitic steels 
is generally evidenced by planar slip ahead of and in the vicinity of the crack [16], [17]. The 
explanation of this planar deformation has attributed such behaviour to local reduction in SFE in 
the proximity of the crack [16], which creates larger partial dislocation separation making cross-
slip difficult. The effects of solutes on SFE and different deformation mechanisms are studied in 
the following section of the report. 
2.1.2 Summary 
The literature indicates that hydrogen has a profound influence on dislocation dynamics and 
dislocation-dislocation interactions. Additionally, moving dislocations are suspected to enhance 
hydrogen transport in the material. Reduced separation distances in dislocation pile ups indicated 
possibilities of local fracture near obstacles due to enhanced vacancy formation (which is a local 
defect) [18], such events have been integrated into the HELP model and also used to explain quasi 
cleavage fracture in hydrogenated materials (discussed later in the study). One of the hypotheses 
attempting to explain the change in dislocation and slip behaviour has attributed these changes to 
local reduction in SFE of the material (coupled with Cottrell atmosphere interaction). The 
following section investigates the SFE and deformation mechanisms of austenitic stainless steels 
and comments on the possible hydrogen effects on deformation. 
2.2 Deformation and stacking fault energy 
The behaviour of dislocations, which control plastic deformation of the lattice, is influenced by 
hydrogen both directly (elastic shielding) and indirectly (possible alteration of SFE). Consequently, 
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understanding of the deformation mechanisms of austenitic steels aids in assessment of hydrogen 
effects on their fracture. Identification of particular HE mechanisms informs the analysis of 
mechanical performance of such materials subject to external or internal hydrogen influence. 
This section introduces the observed deformation phenomena occurring in austenitic stainless 
steels in a hydrogen environment and investigates the alloying elements’ influence on stacking 
fault energy. Hydrogen influence on stacking fault energy is studied in a separate sub-section to 
explore the predicted deformation patterns in a lattice containing solute hydrogen atoms. 
2.2.1 Deformation 
Austenitic stainless steels, having predominantly FCC microstructure, experience dissociation of 
perfect dislocations into partial dislocations. Such events lead to hindered slip due to the reduced 
ability of partial dislocations to cross slip (i.e. change the slip plane) via conservative climb. 
Stacking faults created between the dislocation partials, are characterised by a planar energy 
density [J/m2], which controls the equilibrium state of the dislocation structure in the material. In 
the case of low stacking fault energy, it is energetically favourable for dislocations to dissociate 
into partials since the overall energy of the matrix distortion will be minimised. This phenomenon 
is widely observed in austenitic stainless steels, which are reported to have a SFE as low as 10 
mJ/m2 [19]. Formation of stacking faults is thus widely observed resulting in planar slip behaviour 
as well as deformation twinning and HCP martensite phase formation (via stacking fault 
arrangement). In order to cross slip, edge dislocation partials need to be recombined into a 
perfect dislocation by stress, which increases as the SFE decreases (since the separation distance 
of partial dislocations increases as the stacking fault energy decreases) making cross slip more 
difficult. 
Austenitic stainless steels are generally characterised by low stacking fault energies, thus they 
experience a variety of deformation microstructures upon straining, introducing difficulty in 
assessing the effect of hydrogen on materials properties. The possible deformation modes, 
changing with reducing SFE (ranging from high to low), are listed below, after [20]: 
• Dislocation glide, 
• Mechanical twinning, 
• Stress assisted martensitic transformation (ε) 
• Strain induced martensitic transformation (α’). 
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High stacking fault materials will experience homogeneous deformation and upon SFE reduction, 
deformation structures such as twinning and stress and strain induced martensites will contribute 
to plasticity. The deformation structures’ occurrence strongly depends on stress condition, strain 
rate, temperature and pre-strain. Shen [21], investigated the characteristics of deformation of 304 
steel, and presented the evolution of deformation microstructures with increasing stress as 
presented in Figure 3. Each of the deformation mechanisms has been observed to fall under 
certain SFE values; 
• Dislocation glide: SFE>45 mJ/m2 [21], SFE>35 mJ/m2 [22], 
• Twinning: SFE in range of 18-45 mJ/m2 [21], 18-35 mJ/m2 [22], 
• Stress assisted martensite transformation (ε): SFE<18 mJ/m2  [21], [22], 
The coexistence of all of the above listed microstructures has been shown in the micrograph in 
Figure 4 which shows a complex microstructure, increasing the challenge of identification of the 
responsible mechanism in hydrogen embrittlement. 
Analysis of the mechanical behaviour of austenitic steels in a hydrogen charged state (artificially 
introduced internal hydrogen) has attributed the observed hydrogen embrittlement to localized 
slip [17] and occurrence of ε martensite and hydride phases ([23], [24] ) without an in-depth 
investigation, as noted by Shivanyuk [25]. Mechanical twining has not been seen to directly 
interact with HE however concerns were raised about mechanical twins and ε martensite forming 
shear band structures [26], which may act as nucleation sites for α’ martensite [27] and possibly 
lead to void formation during fracture. 
The main factors influencing the stacking fault energy, including the proposed hydrogen influence, 
have been investigated in section 2.2.2. The ε and α’ martensite evolution is investigated and 
available results are reviewed in section 2.2.3 to explore the area of martensite-related-
brittleness of austenitic stainless steels. 
2.2.2 Stacking fault energy 
The stacking fault energy is influenced by alloying content of the alloy. It is reported that SFE 
values for most popular austenitic steels are near 18 mJ/m2 for 304L and 64 mJ/m2 for 316L [28]. 
However, characterisation of a certain steel grade by a single SFE value is impossible as the 
compositional limits for alloying content are relatively wide (2% Cr tolerance and 4% Ni tolerance 
in both, 304 and 316, grades [29]). 
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The main alloying elements of austenitic stainless steel grades (in the 3XX family) are nickel and 
chromium (the balance of Fe content is always above 50% apart from highly alloyed 310 grade 
[29]). The other alloying elements include Mn, Nb, Mo, Si, Al and Ti, which are added to change 
the specific properties of certain alloys. Generally, it is difficult to measure the SFE directly and 
the existing models for direct estimation have been characterised by questionable accuracies [30]. 
Correlations for SFE estimation have been established ([30], [31], [32], [33] and others) and 
extracts of the available literature indicate the influence of nickel and hydrogen on SFE of 
austenitic steels. 
It has been found that high Ni contents (above 10%) are beneficial to hydrogen embrittlement 
resistance [34] and its influence on behaviour of austenitic stainless steels is demonstrated in two 
ways: 
• Austenitic stainless steels may suffer from strain induced martensite formation, which is 
retarded to lower temperatures with increasing Ni %. (Phase stability and martensite 
transformation are reviewed later in the study.) 
• Ni increases the SFE of the material, with a rapid rise up to 12% Ni, beyond this; only a 
slight increase in SFE is noted [5]. 
Experimental evidence, although limited, has been collated by Schramm in [35] and the Ni 
influence on SFE has been noted and estimated to range between 2 and 2.8 mJ/m2 per % Ni 
(depending on Ni and Cr contents of the alloys). The experimental observations support the 
opinion that increased Ni content improves ductility in hydrogen environment, by changing the 
slip behaviour to become more homogeneous, reducing the amount of planar deformation and 
thus reducing hydrogen embrittlement [34]. In the case of chromium, a strong dependence 
between SFE values and Cr alloying content has been observed, where SFE reductions from 50 to 
20-40 mJ/m2 were seen with Cr addition increased from 10 to 15% at a constant 10% Ni level [35]. 
The results of austenitic steels testing in hydrogen are seldom accompanied by a comment on 
expected SFE variation due to its difficult measurement and problems with accurate modelling 
[32], as explained above. 
Another factor influencing the SFE of austenitic steels is the temperature. A strong temperature 
influence on SFE has been recognised, where its variation with T was estimated to be of the form: 
()
 ≅ 	. 	/			 Equation 1 
Indicating a strong dependency, however this characteristic was not attributed to any particular 
alloy or Ni or Cr content [29]. This estimate was confirmed by Abraham [36]. 
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The above observation indicates that in the typical temperature range of these steels’ operating 
environment (in hydrogen economy applications, estimated to range from -80 to 85°C [37] an 
estimated change of 16.5 mJ/m2 may be produced, introducing a possibility that the deformation 
behaviour may be altered, adding more complexity to direct analysis of the results and 
comparison across different testing conditions. Additionally, the increasing temperature may also 
increase the probability of thermally activated cross slip processes yielding more homogeneous 
slip at higher temperatures. 
The proposed effect of hydrogen on SFE, described earlier, introduces more complexity into the 
consideration as previous research ([38], [39]) points out a significant reduction in stacking fault 
energy caused by solute hydrogen. This effect is investigated further in section 2.2.2.1. 
2.2.2.1 Hydrogen influence on the stacking fault energy 
The review of hydrogen interaction with dislocation behaviour in section 2.1.1 has implied that its 
accumulation near the crack may, locally, affect the slip behaviour in austenitic steels. 
Experimental evidence of such interaction is reviewed in the current section to further investigate 
the extent of hydrogen effect on stacking fault energy. 
Using XRD, Pontini in [38], measured the SFE values of 304 austenitic stainless steel (9% Ni, 18.2% 
Cr) at three different temperatures (77 K, 206 K and 293 K) with and without hydrogen. This 
approach allowed an assessment of the hydrogen and temperature influence on the stacking fault 
energy. The variation of SFE with temperature was estimated to be linear (as indicated earlier) 
and described as: 
()
 ≅ 	. 		/	    Equation 2 
Showing that temperature affects the SFE of 304 steel [38], however less severely than the strong 
influence of hydrogen, where cathodically charged samples showed a 40% reduction in SFE with a 
slight trend towards more reduction with falling temperature. The results have been collated in 
Table 1. 
The hydrogen content in the tested samples has been estimated as 274 ppm, obtained by 
cathodic charging of the samples. In experiments investigating the HEE and internal HE the 
contents are generally much lower, ranging from 40 to 20 ppm (for cathodic hydrogen charging 
[17]) and strongly depending on sample size and hydrogenation parameters (controlling the 
hydrogen penetration depth) [17] thus it is possible that the SFE reduction will be not as 
significant as shown above. 
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The phenomenon has been further explored by Hermida in [39], who attributed the SFE reduction 
by formation of H-H pairs. When investigating the stability of ε martensite produced by charging, 
its unusual stability and unexpected formation at room temperature and low stress levels were 
noted. The ε phase, frequently observed during cathodic hydrogen charging of austenitic steels 
([40], [24] etc.) has been attributed to a favourable H atom arrangement in the fault region. 
During faulting on (111) planes, the stacking fault causes the distance between the octahedral 
sites in the FCC phase and octahedral sites in newly formed HCP layers to reduce, which is the 
most favourable position for formation of H-H pairs. The hypothesis has been confirmed by 
theoretical estimation of stacking fault energy change as a result of binding energy release of H-H 
pair and good agreement with observed results (in [38]) was found. Additionally, the charged 
samples were aged at room temperature and no reverse transformation (ε → γ) was seen, 
indicating stability of the H-H pairs. 
The hypothesis of SFE reduction by hydrogen as a cause of planar slip has been questioned by 
Ferreira [41] and Abraham [36] who attributed the local slip planarity to hydrogen reducing the 
energy of the edge dislocation favouring its formation over the screw type dislocations, thus 
enhancing slip planarity by simply increasing the number of edge dislocations. Although high SFE 
reduction was observed by Pontini [38] and Hermida [39], it was concluded that the slip planarity 
occurring in aluminium could not be explained by solely SFE reduction, indicating a possibility of 
secondary mechanisms affecting the dislocation motion in materials subject to hydrogen 
influence [41]. 
2.2.3 Martensites and pseudo-hydride phases 
The earlier introduced concept of deformation mode vs. SFE value classification is a simplification. 
Many factors influence the HE and with different routes and origins of martensitic transformation, 
the problem becomes more complex. Martensitic transformation γ→α’ can take two possible 
routes [21]: 
• Stress assisted: γ → ε → α’ 
• Strain induced: γ → twinning → α’ 
The stress assisted ε transformation has been interpreted to cause hydrogen-enhanced 
brittleness in austenitic stainless steels. One of the reasons for such a claim has been attributed to 
the habit plane of HCP ε phase, i.e. the (111)γ coinciding with the fracture plane of austenitic 
steels in hydrogen [24]. The amount of ε martensite has been seen to control the nucleation of α’ 
martensite, a microstructure also suspected to increase hydrogen embrittlement severity. While 
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the nucleation of α’ martensite was not seen as a necessary condition for embrittlement, it was 
found that it can contribute to premature fracture [42]. The BCC α’ structure was found to 
indirectly enhance the embrittlement of austenitic materials via enhancement of hydrogen 
transport speed through the lattice ([17], [34] and others). It is thus important to understand the 
mechanisms and controlling factors affecting the occurrence of both ε and α’ microstructures to 
assess their contribution to hydrogen embrittlement of the studied steels. 
Birnbaum [23] postulated that the ‘hydride’ phases (which are HCP and FCC hydrogenated 
microstructures) precipitating near the crack tip would be responsible for hydrogen 
embrittlement of austenitic steels. The formation of hydrogen-rich γ solid solutions has been 
investigated by numerous authors ([24], [25], [40], [43]), to assess their influence on material 
properties and role in hydrogen embrittlement. 
Tanino [43] investigated the hydrogen charging influence on the behaviour of 304L steel and 
reported remarkable microstructure changes within 1 second of charging. Stacking fault platelets 
were observed to form immediately upon the process start and were indexed to be a HCP-like 
phase with slightly enlarged lattice parameters. Further charging has been seen to produce more 
HCP-like platelets and occurrence of undistorted ε martensite in HCP platelet abundant regions. A 
longer charging time was seen to produce two kinds of α’ martensite; lath, strain induced, 
martensite formed from HCP-like platelets and lenticular, stress assisted, α’ microstructure 
structure originated from ε plates. When the microstructure changed to BCC type, the solubility of 
hydrogen was decreased and hydrogen was suspected to segregate to phase boundaries and 
cause micro-cracking, on α’ martensite boundaries, a phenomenon important to consider in 
investigation of fracture behaviour of hydrogenated materials. Such observations were confirmed 
in the study of Morgan [44] where the micro-cracks due to hydrogen segregation to α’-γ 
boundaries were seen as a contributing factor to material failure. 
Chen [40] targeted hydride formation in 304 and 305 austenitic steels and confirmed the 
existence of hydrogen rich FCC and HCP phases, designated as γ* and ε* hydrides and the 
mechanism of their evolution was described in Figure 5. Reduction of SFE by hydrogen combined 
with increasing strains due to its concentration was attributed to cause the occurrence of stacking 
faults forming ε and matrix distortion producing expanded ε* hydride (sometimes also denoted as 
εH). 
The hypothesis of the embrittling influence of HCP martensite and classification of hydrogen rich 
phases as brittle hydrides (or pseudo-hydrides) was elucidated by Teus [24] and Shivanyuk [25]. A 
stable 310 steel was seen to form ε martensite upon charging which was a result of occurrence of 
ε*, hydrogen-rich, microstructure, which decomposed to undistorted HCP upon ageing. Similarly, 
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an expanded γ* microstructure was observed which also reverted back to undistorted FCC with 
time. Shivanyuk [25] concluded that hydrogen induced HCP phase occurrence in stressed 310 
steel did not play an important role in hydrogen-induced brittleness. As ε was not generally 
perceived as brittle and seen to perform a strengthening role (HCP platelets are obstacles to 
dislocations) the hypothesis of ε* being a pseudo-hydride was disregarded. It was concluded that 
ε* (or εH) is rather a hydrogen rich HCP solid solution, similarly to γ* being a FCC hydrogen solid 
solution. The problem was investigated further by Teus [24] who investigated the behaviour of 
Cr18Ni16N0.2 steel single crystals along various crystallographic directions subject to hydrogen 
charging. It was found that hydrogen induced ε martensite changed the strength of differently 
oriented crystals in a remarkable way, the originally soft [111] and [110] directions became hard 
and the [100] direction was softened, the yield and UTS of investigated steels were seen to 
increase. The occurrence of ε martensite was seen to be beneficial in terms of resistance to 
hydrogen embrittlement via reduction of localized plastic behaviour (described in the HELP 
model) [24]. Stacking fault energy was observed to correlate with the observations i.e. low SFE 
materials contained more HCP martensite phases. 
The steels investigated by Teus [24] and Shivanyuk [25], were stable with respect to α’ strain 
induced martensite transformation, and were not seen to produce BCC phases upon straining at 
low temperatures. This allowed the investigation to elucidate the sole nature of the ε phase and 
its interaction with HEE. It was seen that the ε martensite on its own does not provide a 
deteriorating influence. However, in the case of meta-stable materials (such as a commonly used 
304/304L grade) steels, α’ martensite as a result of ε phase occurrence [21] does appear a 
possible factor in hydrogen embrittlement of austenitic steels ([17], [34]). 
The occurrence of ε martensite in samples subjected to a hydrogen environment has not been 
observed [45]. This can be attributed to lower hydrogen contents in a H environment compared 
to artificially hydrogenated materials, the cathodically introduced hydrogen distorts the matrix 
and produces γ* and ε* microstructures and such an effect is not observed in a hydrogen 
environment. The influence on SFE would also be less pronounced; if a proportional relation of 
SFE reduction to hydrogen content is assumed, using the results of Pontini [38].  Without ε 
martensite, the stress induced route of α’ evolution is blocked, however the strain-induced 
martensite transformation will still occur in metastable materials, characterised by a low Ni 
alloying addition, insufficient to prevent martensite transformation under strain [45].  The 
influence of the BCC α’ martensite has been seen as a medium promoting hydrogen diffusion 
through the material due to the greater diffusion coefficient of hydrogen ([17], [45] and others). 
The literature has attributed the occurrence of α’ martensite to three different factors: 
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a) ‘basic’ strain induced martensite due to straining of metastable steels [45], 
b) Machining induced martensite on the surface of the materials [6], 
c) Occurrence of martensite rich bands in stable steels due to macro-segregation caused by 
material production processes [46]. 
Cases a) and c) are similar in terms of transformation origins, caused by insufficient stabilizing 
element addition to the alloy. Macro-segregation due to manufacturing in stable steels, produces 
segregations (planar bands or circular stringers) characterised by reduced Ni content. This 
effectively produces a duplex structure comprising stable and meta-stable material that 
transforms to martensite with strain. The machining induced martensite in case b) is caused by 
stresses caused by tools used to shape the material into the desired part (which can include for 
example turning, cutting and milling), the surface of the sample (or part) is thus expected to occur 
at depths near (and possibly greater than) 100 μm [6] (the sample machining characteristics have 
been carefully selected by Martin to provide the smallest possible machining influence on the 
materials surface). 
It has been reported that the occurrence of strain-induced martensite is not a necessary condition 
for hydrogen embrittlement of austenitic steels [4], [47]. A selection of stable steels was tested in 
hydrogen by Michler [8], he observed that ductility may still be severely degraded without the 
presence of α’ martensite, indicating that the presence of the BCC phase is a contributing factor 
to failure due to hydrogen. Kanezaki [17] identified the areas of transformed martensite as a 
possible way for hydrogen to diffuse to, and concentrate at, the crack tip, enhancing the local 
influence on failure near the crack tip region. 
2.2.4 Summary 
Alloying element content of particular alloy is seen to greatly influence its stacking fault energy 
and thus, ultimately, to control the deformation behaviour under stress. It was found that 
although numerous attempts were made to quantitatively describe the SFE variation and 
dependence with particular element content, these results are not consistently predicted or 
measurable. Despite these difficulties, SFE consideration may still help with assessment of 
particular alloys together with inspection of deformation microstructures and fracture surface 
analysis. The research indicated that reducing planar slip, via increase in SFE, is desirable and 
beneficial to avoid HE, as well as showing that hydrogen presence in the lattice does affect the 
local dislocation behaviour via SFE reduction. 
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The points below summarize the information collected in section 2.2, listing the possible factors 
influencing the HE of austenitic stainless steels: 
• Low stacking fault energies promote planar slip and may enhance hydrogen-enhanced 
localized plasticity, 
• Hydrogen was seen to lower the stacking fault energy of the material, possibly increasing 
the slip planarity in the fracture zone, however the effect in a hydrogen environment may 
be of minor importance due to its low content in the lattice, 
• In the case of charged materials, the occurrence of brittle pseudo-hydrides has not been 
confirmed, 
• HCP ε martensite has not been seen to directly present an embrittlement threat to the 
austenitic steels, 
• BCC α’ martensite was not identified as a necessary condition for embrittlement, however 
was seen to present a possible threat in terms of micro-cracking and enhancing the 
hydrogen transport through the lattice. 
2.3 Hydrogen embrittlement models 
The influence of hydrogen on austenitic steels has been seen to demonstrate itself via various 
micro mechanisms, discussed in sections 2.1.1 and 2.2. As shown in the introduction, there are 
three main models describing particular micro-mechanisms in an attempt to explain and predict 
the effect of hydrogen on the materials. This section considers these different models using the 
information collected from the literature in sections 2.1.1 and 2.2 in order to assess their 
applicability to experimental results reported in the literature. Hydrogen-enhanced decohesion 
(HEDE) as well as hydrogen-enhanced localized plasticity (HELP) have been frequently reported in 
the literature ([16], [48], [49], [50] and others) as mechanisms of observed fracture processes in 
materials subject to hydrogen. The AIDE (adsorption-induced dislocation emission) model 
proposed by Lynch [9], synthesises the HELP and HEDE mechanisms and will be reviewed in the 
section following the discussion of these concepts. 
2.3.1 Hydrogen-enhanced decohesion (HEDE) 
It has been suspected that the premature failure observed in materials subject to hydrogen 
influence was caused by its adverse effect on interatomic bonds in the material lattice [51]. The 
effect has been identified as hydrogen assistance with crack evolution and opening via reduction 
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of interatomic bond strength in the material [52]. Shivanyuk [52] investigated the influence of 
solute hydrogen on electronic structure and bond character in high Ni and Mn austenitic steels. It 
was found that hydrogen charging increased the concentration of free electrons in the lattice, 
enhancing the metallic behaviour of the bonds. He concluded that despite the metallic bonds 
being weaker than covalent, the hydrogen embrittlement of the materials cannot be explained by 
bond weakening as the metallic character would promote easier onset of plastic deformation and 
stress relaxation, rather than simply enhance the crack opening. Enhancement of the metallic 
bond character was however determined as a contributing factor to hydrogen enhanced localized 
plasticity [52]. 
The effect has been investigated further by Gavriljuk [53] and enhancement of the metallic 
character of lattice bonds in austenitic steel (Cr18Mn20N0.88) was confirmed via increase in the 
concentration of free electrons by a factor of 20. Additionally, the lowering of the dislocation start 
stress has been confirmed in this study, further supporting the earlier cited work in section 2.1.1. 
Simonetti [54] targeted an investigation between hydrogen and iron atoms in FCC lattice, 
modelling the electronic structure in the lattice. A possibility of establishing a Fe-H bond as well as 
indication of H-H interaction was reported. A possible weakening of Fe-Fe bonding was reported 
with a vacancy and a dislocation identified as the most favourable region for solute hydrogen 
atoms to reside. 
Summarising, the influence of hydrogen on atomic bonds has been experimentally and 
theoretically confirmed. However as indicated by Shivanyuk [52] and Gavriljuk [53], this 
interaction was not interpreted as a contributing factor to brittle crack opening and rather 
attributed to enhanced micro-plasticity and local lattice softening (evidenced by a decrease in 
“start” stress and line tension of dislocations as well as dislocation-dislocation spacing distance in 
a pile up). It was indicated that these observations might play a role in the HELP mechanism, by 
contributing to localized slip by increased mobility of the dislocations. 
Hydrogen induced decohesion was identified as a contributing factor to hydrogen embrittlement 
by Lynch [9], however it is generally not evidenced in studies on austenitic stainless steels  [55]. 
Usually described as a ‘standalone’ mechanism, HEDE was not seen to solely describe the results 
of experimental studies and thus it is rather used in conjunction with other mechanisms of HE to 
explain the observed results. 
2.3.2 Hydrogen-enhanced localized plasticity (HELP) 
In 1972 Beachem [12] postulated that the brittle appearance of fracture surfaces of steels subject 
to hydrogen influence is a highly localised plastic fracture, only visible at the micro-scale. It was 
Literature review 
20 
suggested that hydrogen, accumulating in the local tensile field ahead of the crack tip, enhances 
the local deformation and fracture mechanisms. Beachem explained that local softening of the 
material subject to SCC or HAC is occurring via unlocking of dislocations, rather than local 
hardening leading to embrittlement. It was pointed out that observation of formation, growth and 
coalescence of micro-voids during fracture in hydrogen environment should no longer be 
considered as an evidence of fracture due to overload. Fracture modes such as micro-void 
coalescence, quasi-cleavage and intergranular fracture were all considered to be influenced by 
hydrogen present in the lattice [12]. 
The proposed model was named Hydrogen Enhanced Localized Plasticity by Birnbaum [23], who 
collated the experimental observations of hydrogen related fracture. It was pointed out that 
optical microscopy investigation of fracture surfaces would yield brittle appearance, hence the 
term “hydrogen embrittlement”. The HELP mechanism occurs when a hydrogen solid solution 
exists (due to hydrogen atmosphere or SCC), and its concentration is suspected to occur in stress 
concentration regions in the lattice (e.g. area ahead of the crack, around precipitates etc.). In 
addition, due to the ‘cleanliness’ of newly formed crack surfaces during fracture, hydrogen 
adsorption in the crack region is enhanced. Due to hydrogen concentration in the vicinity of the 
crack, the local flow stress is reduced and slip enhancement occurs at stresses lower than for 
hydrogen-free material. Void opening at intense slip bands has been attributed to cause micro 
void coalescence. Birnbaum emphasised the universality of enhanced plasticity observations, 
where hydrogen was seen to increase the dislocation speed and ease their multiplication in 
numerous alloys and in all FCC, BCC and HCP microstructure types. Hirth [56] has emphasised that 
it is difficult to assess whether hydrogen is responsible for softening or hardening of the material, 
however he reported that it enhances the onset of plastic deformation. The hypothesis of 
hydrogen causing softening or hardening has been elucidated further by Sofronis [49] and he 
indicated that hydrogen-caused local softening (on the micro-scale) and severe slip localization 
may give rise to measurable hardening on the macro-scale (due to slip confinement to a limited 
number of available systems), a similar statement was also made by Abraham in [36]. 
The mechanisms of hydrogen enhanced localized plasticity in austenitic 310 stainless steel have 
been investigated by Abraham and Altstetter [36] where SEM inspection of hydrogenated samples 
revealed extensive strain localization. During straining of hydrogenated tensile samples of 310 
steel, Abraham et al. observed a tendency towards slip planarity via evident slip band coarsening, 
as presented in Figure 6. 
Plastic flow localization was observed over the whole temperature range (from 77 to 295 K) and 
was seen to increase in magnitude with increasing hydrogen content. The measurement of yield 
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strength has indicated material hardening and was attributed to inhomogeneous deformation. 
Altstetter concluded that slip localization by hydrogen is accompanied by limiting of dislocation 
activity to a few, selected, planes which weakens them [36], this hypothesis was further 
confirmed by Martin [26] who has shown that voids may nucleate at deformation band 
intersection points. 
Enhanced dislocation activity, as a second factor of the HELP mechanism [9], was evidenced by 
the TEM studies of Ferreira [11] and was also confirmed by measurements of stress strain 
behaviour of 310 steel by Abraham [36]. During interrupted tensile testing with reloading, the 
data showed a clear effect of hydrogen on the pre-yield behaviour of the material, as described in 
Figure 8 (to compare with Figure 7). Pre-yield micro strain has been observed, which was 
attributed to hydrogen assisting the onset of dislocation activity in the strained sample. 
Although many experimental results confirm a profound hydrogen influence on dislocation 
behaviour and deformation mode (as discussed before) the exact cause of enhanced slip planarity 
still remains unknown [36], [49]. Theoretical calculations by Sofronis [49] and Ahn [57] confirm a 
possibility of plastic deformation being confined to bands of intense shear, which create quasi-
cleavage fracture surface appearance, Martin [26], observed this frequently in experiments 
investigating HE phenomena. 
2.3.3 Adsorption induced dislocation emission (AIDE) 
AIDE model of hydrogen embrittlement, as proposed by Lynch [9] is similar to the HELP theory in 
its concentration on localized deformation due to hydrogen. The difference between the two 
models is the source of deformation. While HELP attributes the observed embrittlement to 
hydrogen effects on dislocations in the material bulk, AIDE targets the interaction of hydrogen 
with the open crack surface and emission of dislocations from the crack tip [55]. 
The emission of dislocations from the crack tip is facilitated by weakening of atomic bonds due to 
hydrogen adsorption. Diffusion of hydrogen into the material bulk is not a necessary condition 
according to this model as the hydrogen enhanced crack growth is caused by surface interactions; 
however, diffused hydrogen may also cause AIDE at internal voids. A schematic showing of the 
AIDE model was presented in Figure 9, after Lynch [58]. 
In contrast to an ambient air environment, where the crack advance is due to egress of 
dislocations originating from sources in the plastic zone, an oxygen free environment will allow for 
dislocation emission from the crack tip and crack advance rather than blunting. Lynch reported 
that metallographic and fractographic observations are consistent with AIDE model as well as 
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theoretical predictions of hydrogen-surface interactions [9], [58] however the model is not often 
referred to in the reviewed literature. 
As indicated by previously cited authors, hydrogen embrittlement cannot be explained by a single 
model or single deformation phenomena influencing the fracture. Lynch has also covered this 
statement via identification of hybrid mechanisms of hydrogen embrittlement where 
combinations of all of the above described models would be responsible for embrittlement. The 
great number of different materials susceptible to hydrogen embrittlement and various external 
factors influencing the observations (such as environment, testing conditions etc.) make it difficult 
to directly identify the responsible mechanisms and thus no single model can attempt to explain 
all of the observations [58]. 
2.4 Summary 
It is shown that hydrogen influences the deformation and fracture behaviour of austenitic 
stainless steels through multiple mechanisms, possible models based on these effects have been 
presented. While the availability of literature on the subject is large, there still exists a lot of 
controversy and uncertainty on identification of the phenomena directly responsible for hydrogen 
embrittlement of materials. Experimental results and conclusions are now seen to be confirmed 
or backed up by new theoretical simulations and models and great advances in understanding of 
nano-scale phenomena have been achieved in recent years. Due to the large number of possible 
hydrogen-material interactions, careful investigation of crack growth behaviour, crack-tip 
processes and fracture surface investigation is needed to contribute to our understanding of 
hydrogen embrittlement mechanisms in a hydrogen atmosphere in the stainless steels likely to be 
used in hydrogen storage and processing systems. 
2.5 Fatigue testing of austenitic steels in hydrogen 
Due to the likely application of austenitic stainless steels in high pressure hydrogen applications 
such as automotive hydrogen tanks, it is not only important to understand the influence of 
hydrogen on material properties, but also the material’s response to prolonged exposure to 
hydrogen under cyclic loading. Mechanical property variation has been investigated by strength 
and ductility measures such as variations in yield and tensile strength as well as % elongation and 
reduction in area. Clearly these properties are important in order to perform the design and 
material selection processes for high-pressure systems to answer the strength requirements 
necessary to contain the pressurised gas. The influence of hydrogen on mechanical properties and 
ductility of the steels studied in the EngD has been reported in section 4.2 to compare with 
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published literature in the field. Cyclic pressurisation and depressurization of the tanks during 
operation of compressor systems and the variable loads encountered during travel of hydrogen 
powered or hydrogen carrying vehicles also necessitate an in depth fatigue performance study of 
the selected candidate materials. 
2.5.1 Background information 
As explained before, the issue of hydrogen influence on mechanical properties of materials has 
been widely investigated, with well-established findings from a number of studies showing 
hydrogen induced ductility loss in low stability stainless steels (such as 304) and little effect on the 
ductility of stable alloys (e.g. 316). Additionally these studies report little influence of hydrogen on 
the yield strength of the materials studied ( [6], [7], [50], [59], [60]). The understanding of 
hydrogen influence on mechanical properties of the material is well established, but certain 
aspects of these studies are noteworthy. In order to assess the performance of hydrogen rich 
material, the test samples are very often subject to varying means of hydrogenation. Cathodic or 
high-pressure exposure processes are generally believed to introduce sufficient hydrogen into the 
sample to ensure the failure processes are influenced by abundant hydrogen in the material. The 
problem arises where a confirmation of such expectations is needed; the theoretical predictions 
usually limit hydrogen penetration to a subsurface layer in the order of hundreds of micrometres, 
while the sample dimensions are usually in the range of 5 to 10 mm (in the case of tensile type 
samples). High surface concentration and low penetration depth are usually accepted in the 
literature however the influence of such observations seems to have been generally overlooked, 
as will be shown in [17]  (discussed later in the report). The confinement of hydrogen influence to 
the surface layer means the true ductility effect is located near the sample surface while the 
macroscopic yield will be dominated by the bulk material (where hydrogen influence is limited). In 
the case of crack tip process considerations during fatigue loading, detailed analysis may be 
needed to investigate the local yield properties of the material. 
It is generally observed that fatigue experiments have been more rigorous with regard to more 
careful environment and material characterisation (in terms of hydrogen content and 
distribution). However, the great variability of the tested sample configurations should be noted 
and considered in terms of plane stress and plane strain conditions and LEFM applicability. While 
the majority of work has been done on tensile type samples, either unnotched (flat) [61], [62] or 
with artificially introduced stress concentrators in the form of a drilled hole (round tensile type 
specimen) [3], [17], [48], [63], [64], [65] to investigate the S-N curves or crack length development 
during fatigue cycling, less attention has been directed towards fracture mechanics testing 
approaches [66], [67], [68], or investigation of the near threshold behaviour of austenitic steels in 
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a hydrogen environment [67], [68], [69]. An interesting approach of utilizing a double cantilever 
sample with a specially introduced taper ensuring constant stress intensity levels during crack 
growth has been studied in [70]. 
2.5.2 Plasticity at the fatigue crack tip 
Discussion of hydrogen embrittlement mechanisms during fatigue requires consideration of 
hydrogen interaction with deformation mechanisms ahead of the crack tip. It is thus important to 
estimate the extent of plasticity ahead of the crack tip in order to compare these length scales 
with microstructural features observed on metallographic sections and fracture surfaces. 
Additionally, comparing the plasticity controlled zone with likely diffusion distances occurring 
within a fatigue cycle should provide more understanding of the time domain of hydrogen 
environment embrittlement in fatigue. 
It is challenging to accurately determine the extent and the shape of a crack tip plastic zone. The 
influence of specimen thickness and material yield characteristics as well as existence of reverse 
plasticity during fatigue, add to the complexity of such estimations. However, many techniques 
have been applied to provide experimental data to inform such discussion and have been 
presented by Paul in [71].  
Various models and estimates of the plastic zone size were compared by Bathias in [72] together 
with consideration of the expected reversed plastic zone size (typically estimated to be between 
20 and 25% of the monotonic plastic zone at the R-ratios considered in most studies). A 
commonly used estimation of monotonic plastic zone in plane strain has been provided by Rice 
(discussed in [72]): 
 = 	.  

 Equation 3 
Microhardness traces normal to the fracture face were obtained by Bathias [72]. The results were 
then used to established the size of monotonic and plastic zone sizes. It was found that the actual 
plastic zone sizes in austenitic steels were close to prediction of Rice and reversed plastic zones 
were approximately 25% of the monotonic zone sizes [72].  
Comparison of the estimation provided by Bathias can be made with experimental results 
presented in [66]. Schuster [66] measured the plastic zone sizes in 301 and 302 austenitic steels 
tested in hydrogen and argon at ambient pressure and temperature. Techniques used included 
microhardness, electron channelling as well as micrographic examination. Although the exact 
criteria for accurate estimation of the plastic zone size were not given by the author (hence some 
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uncertainty may be expected in the reported results) these estimations of the plastic zone sizes 
agree to some extent with data reported for both studied alloys in the work of Schuster. 
Comparison of the measurements and plastic zone size estimation is shown in Table 2, and shows 
the significant scatter between the various measurement techniques. 
It is important to note that Schuster reported reduction of the plastic zone ahead of the fatigue 
crack obtained in hydrogen. Microhardness measurements for both, 301 and 302 steels tested in 
argon and hydrogen atmospheres were shown in Figure 10 and numerical data extracted from 
[66] was given in Table 3. However, a discussion of the causes of this reduction was not 
presented. 
Chen [73] has also studied the plastic zone sizes in fatigue of 301 steel, conducting testing in 
ambient air and 20  bar hydrogen at room temperature. Microhardness mapping was used to 
measure the plastic zone sizes in this study and although the exact measurements were not 
presented, a slightly lower measurement compared to the estimations provided by Bathias in [72] 
was indicated. The reduction in the extent of crack tip plastic deformation was also observed by 
Chen and was attributed to localized deformation caused by hydrogen and consequent reduction 
of ductility and enhanced crack propagation. 
2.5.2.1 Summary 
A great complexity in reliable estimation of the size of the plastic zone was discussed in the 
literature, resulting in a significant number of models. The estimation for plastic zone size 
according to Rice appears appropriate for use in discussion of fatigue testing results, especially in 
comparison to scatter in hydrogen diffusion constant data shown in [74]. Reduction of the 
apparent crack tip plastic zone size in hydrogen environments has also been noted and appears to 
be related to hydrogen enhanced localised plasticity mechanism of HEE. 
2.5.3 Hydrogen charging strategies 
While the materials in hydrogen handling systems are not expected to contain high levels of 
internal hydrogen, a great number of existing research studies have concentrated on analysis of 
hydrogen enriched material samples. External high-pressure hydrogen environment influence on 
fatigue behaviour in-situ has not been widely investigated. The majority of the studies reviewed 
below concern artificially hydrogenated materials. The data originating from such studies, 
although not directly representing the conditions investigated during the EngD research, are 
discussed in order to provide more background to mechanisms of HEE during fatigue of studied 
steels.  
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The possible charging approaches used previously are listed below: 
• Cathodic charging via sample immersion in solution and its polarisation with respect to a 
reference electrode  [62], [64], 
• Specimen soaking in solution with no electrical potential applied [63], 
• Gaseous charging via exposure to high-pressure hydrogen at elevated temperatures [3], 
[65]. 
Note: Uncharged material samples, in an as received state are usually termed hydrogen-free. This 
has been the subject of discussion by some authors (for example in [17]) who indicated that even 
low, residual, hydrogen in the material may present pre-existing embrittlement issues, especially 
at low loading frequencies. 
Due to limited hydrogen diffusivity in austenite it is challenging to achieve a uniform distribution 
of hydrogen throughout a whole test sample cross-section. It has been observed that cathodic 
charging achieves very high hydrogen contents on the sample surface, with limited or no 
hydrogen propagation into the sample centre. An example of hydrogen distribution after cathodic 
charging is given in Figure 11. 
The hydrogen profiles indicate a high hydrogen concentration at the materials surface with 
limited penetration into the sample bulk. The penetration has been confined to a 200 µm surface 
layer [17] and is observed to be enhanced by pre-straining of the sample, where increased 
hydrogen transport is attributed to its higher diffusion rates in strain induced martensite [17]. The 
quoted data has been obtained by sequential extraction of thin material layers from a disk cut out 
of the sample gage section. It is interesting to note that martensite was reported to form in 
“stable” 316L alloy. Consequently, phase stability and the influence of hydrogen on phase 
transformations will be subject to further review. 
In the case of gaseous charging, a more uniform hydrogen distribution can be achieved. The high 
temperature of the process, yielding enhanced hydrogen diffusion through the material, should 
allow the penetration depth to increase. While such expectations are reasonable (mainly due to 
high charging temperature), no experimental verification has been conducted [48]. Figure 12, 
presents a comparison between hydrogen distribution in the case of cathodic and gaseous 
charging processes, the distributions in the case of ‘entire hydrogenation’ have been estimated 
theoretically and assumed uniform on the basis of long hydrogenation time coupled with high 
process temperature.  It is important to note that no experimental verification of the predicted 
distribution in Figure 12 has been given in order to check the hydrogen distribution in the material 
upon gaseous hydrogen charging. 
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Generally, authors have not considered in detail if the hydrogen rich surface layer has any 
influence on the results, however, due to sample design (e.g. in the form of tensile type 
specimens) it is possible that surface conditions and local failure processes may alter the overall 
behaviour of the sample, especially if a stress concentrator in the form of a notch is present in the 
affected region. 
In order to investigate hydrogen influence on the behaviour of the material during cyclic loading 
its presence in the zone affecting crack tip failure processes needs to be quantified, both in terms 
of crack growth mechanism alteration at the crack tip, but also in terms of mechanical property 
variation further away from the crack tip which may control the process zone in mechanical terms 
(e.g. controlling the crack tip local stress and strain state due to increased constraint). The issue of 
hydrogen transport at the crack tip and in the wider process zone needs to be considered in light 
of the rate of crack advance.  The crack may accelerate away from the hydrogen rich lattice 
region, when hydrogen diffusion is too slow to attract it into the tensile stress field ahead of the 
continuously advancing crack [64]. This indicates the necessity of careful design of experiments 
and investigation of hydrogen distribution in the sample to confirm that observed failure is 
influenced by hydrogen and does not occur in hydrogen depleted regions (such as the sample 
core in the case of cylindrical tensile specimens charged cathodically). Summarising, 
characterization of hydrogen content and its distribution needs to be known and controlled in 
order to provide reliable results and conclusions on mechanical property variation in the zones 
controlling crack propagation during testing of artificially charged samples. 
2.5.4 Results in available literature 
Despite the wide range in experimental approaches taken by various authors, general and 
detailed conclusions can be drawn helping to build an understanding of hydrogen influence on the 
behaviour of cyclically loaded austenitic stainless steels. 
The following section will present fatigue-testing results of austenitic stainless steels subject to 
hydrogen atmosphere and/or external hydrogenation with the primary goal of investigating the 
influence of hydrogen content and test frequency on the observed results. While the influence of 
hydrogen content (and possibly its gradient) on observations has been introduced above, loading 
frequency effects need a brief introduction before the results can be fully understood. At constant 
stress intensity level range varying frequency will result in different crack propagation rates. In 
order for hydrogen to influence the fracture behaviour, it either must be already present in the 
crack region and ahead of its path (which could be possibly obtained by ensuring its uniform 
distribution in the sample) or must diffuse into the crack region, either by attraction to the tensile 
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stress field ahead of the crack or by its transport via dislocations [65] and thus its direct entry at 
the crack tip. When the crack propagation rates (and crack velocity) are high, it may be possible 
for crack to accelerate away from any crack-tip hydrogen atmosphere and thus, hydrogen 
influence on localized failure will be limited. The presented literature investigates this variable 
during testing to confirm the importance of frequency effects at low and high hydrogen contents 
[64]. 
First, the near-threshold behaviour of austenitic stainless steels subject to hydrogen atmosphere 
will be reviewed in order to investigate the crack propagation rates at low stress intensity ranges, 
in near threshold regions where low crack growth rates may be expected to maximise hydrogen 
influence on fracture processes. 
2.5.4.1 Near-threshold behaviour 
Kelestemur [67] and Stewart [68] investigated hydrogen influence on threshold fatigue crack 
growth behaviour of NiCrMoV and austenitic 304 steel grades, respectively. While the results 
quoted in [68] are not relevant to the case of austenitic stainless steels, some information on 
testing techniques may be readily extracted to aid in design of experiments for fatigue testing of 
austenitic steel grades. Both of the studies used compact tension (CT) test specimens in 
accordance with ASTM E647 testing standards [75] and used load-shedding techniques to 
establish the threshold behaviour of the studied materials. Results from [67] will be reviewed 
while [68] will be used to introduce factors that need to be considered during fatigue testing even 
at high stress intensities and crack propagation rates. Kelestemur [67] performed testing in air, 
argon and hydrogen in an environmental chamber at near atmospheric pressure. Each test 
specimen was pre-cracked for 5 mm at increasing ΔK after which load-shedding technique was 
used to establish threshold crack growth. 
As previously discussed, the hydrogen level and local distribution needs to be known in order to 
fully understand the testing results of charged materials. Fast crack growth rates may escape any 
influence of hydrogen on the failure process. Even the high frequency of the testing in reference 
[67] of 10  Hz (which is high with respect to standard testing frequencies in hydrogen, as will be 
seen later in the review), may allow sufficient time for hydrogen to diffuse to and accumulate in 
the proximity of the crack tip and ahead of it. In the case of 304 austenitic steel, low, pre-existing, 
hydrogen contents are expected from initial production processes (as described before) to occur 
in the studied material. The samples in reference [67] were not pre-charged and were exposed to 
hydrogen atmosphere at near atmospheric pressure and room temperature). Consequently, low 
hydrogen content in the material is expected and hydrogen adsorption mostly in the crack wake 
and tip region is thought to influence the failure process [76]. 
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The plot in Figure 13 summarised the testing results obtained by Kelestemur, showing a 
pronounced reduction in threshold crack growth intensity factors in a hydrogen environment 
when compared to moist air and argon atmospheres. The hydrogen acceleration of near threshold 
fatigue crack propagation was observed in the crack growth rate results. Observation of fracture 
surfaces of the failed sample, showed similar fractography in hydrogen and air atmospheres with 
a more brittle appearance than in the sample tested in argon attributed by the author to more 
noticeable particle removal on the fracture surface. Particle removal from the fracture surface 
was concluded to prevent the crack from full closure (thus expecting the threshold to increase). 
The amount of roughness-induced closure in argon and hydrogen atmospheres was assessed as 
similar in both environments by the author who attributed the drop in threshold values to 
hydrogen embrittlement. Kelestemur concluded that the 304 austenitic steel studied was highly 
sensitive to hydrogen in near threshold region and emphasised that little experimental data is 
available, concerning near threshold behaviour of austenitic steels at low stress intensity ranges. 
From the above review [67], [68] it appears that the influence of local crack tip testing conditions 
(i.e. local stress, environment) on microstructure needs to be assessed in order to understand the 
influence of hydrogen on fracture mechanisms and phase transformations during fatigue. Crack 
closure may also need special attention in near-threshold regions as indicated by Stewart [68]. 
2.5.4.2 Fatigue testing 
While near-threshold behaviour of austenitic stainless steels may not be controlled by hydrogen 
transport in the material (due to there being sufficient time available for diffusion into the crack 
tip process zone), the importance of rate of hydrogen transport is much more pronounced during 
testing at faster crack propagation rates, as will be shown in the following chapter. This section 
will concentrate on hydrogen content effects in order to assess its influence on the observed 
fatigue results. While the reviewed results generally present a deterioration in fatigue 
performance of austenitic stainless steels (e.g. [3], [61], [66]), evidence of reduced crack growth 
rates has also been reported [48], [65]. 
Extensive work by Murakami on fatigue of hydrogen charged austenitic steels [3], [63], [65] will be 
compared to other studies concerning HE influence on fatigue in 304 and 316 grades of austenitic 
stainless steels. First, fatigue performance degradation due to hydrogen will be reviewed in terms 
of crack growth rate measurement (presented in the form of absolute value da/dN or described 
on a crack length vs. number of cycles plot) to then compare with the reported conditions in 
experiments that have shown a beneficial influence of hydrogen on fatigue crack growth rates, i.e. 
crack growth retardation. Frequency effects will be reviewed together with hydrogen content 
influence on fatigue of the studied materials. 
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Murakami in  [3], [63], [64] presents numerous results of his studies on gas and cathodically 
charged round tensile samples of 304, 316 and 316L steels, with an artificial defect introduced 
prior to testing in the form of a drilled hole, as described in Figure 14. 
All samples of the above-cited studies were charged by one of two methods (the hole in all cases 
has been introduced after charging): 
• Cathodic charging in sulphuric acid solution (672 h at temperatures from 50 to 80°C) [63] 
• Exposure to high temperature hydrogen atmosphere at 63 MPa and 110°C for 91 h [64] 
The variations in hydrogen distribution due to these charging methods have been discussed 
previously. High surface concentration and a steep gradient is expected in the case of cathodic 
charging while gaseous charging is believed to produce a more uniform hydrogen concentration 
within the sample. These assumptions have not however been experimentally verified. 
Figure 15 presents results for 304, 316 and 316L austenitic steel, the tests were carried out in 
laboratory air at ambient conditions. Fully reversed loading (load ratio (R) = -1) was implemented 
at variable frequencies and loads, as shown in the plots. The quoted hydrogen content has been 
determined using TDS (thermal desorption spectrometry). The values of hydrogen are therefore 
averaged and applied as uniform over the whole samples; the exact method of calculation has not 
been reported fully. 
In the case of 304 and 316 alloys accelerated fatigue crack growth rates have been reported, with 
hydrogen having little (or negligible) effect on 316L alloy, which has been tested at 5 Hz. 
Inspection of the crack path in the 304 grade revealed significant differences in crack path 
tortuosity, presented on micrographs in Figure 16. Similarly to 304 steel, the 316 grade exhibited 
a much less tortuous crack path after hydrogen embrittlement. Murakami observed reduced slip 
band formation in 304 and 316 grades in the hydrogen charged condition when compared to 
materials in an uncharged condition, which he assumed to be a sign of localized plasticity 
(described as hydrogen-enhanced localized plasticity [9], [36]). When the development of 
martensitic transformation during crack advance was monitored (post mortem, using X-ray 
diffraction (XRD) techniques), the amount of martensite formation correlated with different 
performance characteristics of the materials, as depicted in Figure 17. 
Significantly higher amounts of martensite were seen in the most severely hydrogen embrittled 
materials (304>316>316L) with greater amounts of martensite also seen at higher ∆K levels, as 
expected due to different stability of studied alloys. It was concluded that the amount of 
martensitic transformation at the crack tip influences the crack propagation behaviour in 
hydrogen. 
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Frequency effects have also been studied by Murakami in [3] and [64]. The focus has been 
directed towards comparison of 304 and 316L steels, due to the significant difference in austenite 
stability in these materials with respect to martensitic transformation. Figure 18 presents the 
results of his investigation of frequency influence on HE, the test samples and conditions were 
consistent with [63] and were described in the introduction of the current section. 
The results at constant frequency of 1.2 Hz (304) and 1.5 Hz (316L) agreed with the previous study 
with deterioration in performance observed in 304 alloy and little effect in the 316L alloy. 
However, as the test frequency was substantially reduced to 0.0015 Hz in both cases, in the case 
of the uncharged, “as-received”, materials it was found that the fatigue crack growth rates were 
also increased despite no artificial hydrogenation for 304 steel. Reduction of testing frequency 
introduced faster crack growth rates (i.e. apparent embrittlement) in uncharged 304 and, 
surprisingly, in 316L alloy which had been little affected by hydrogen charging at higher testing 
frequencies [3], [63]. 
Murakami noted that hydrogen embrittlement during fatigue is affected by hydrogen transport to 
the crack tip. Due to its limited diffusion speed in austenitic steels, reduction in test frequency 
may have allowed hydrogen to accumulate ahead of the crack tip. In the case of the 304 grade, 
residual hydrogen in the uncharged samples may have had sufficient time to diffuse into the crack 
tip tensile field due to the significant frequency reduction and hence caused the observed 
embrittlement/accelerated crack propagation. Martensite formation in this relatively unstable 
alloy may be another factor contributing towards accelerated crack growth rates, as discussed 
below. In the more stable 316L alloy, the lower propensity to form martensite did not enhance 
hydrogen transport (as mentioned in [63]) but reduction in test frequency still introduced 
accelerated crack growth, even for the uncharged material. 
In order to further assess the variation in crack growth rates in 316L steel grade under different 
frequencies, the development of fatigue crack growth rate with respect to increasing stress 
intensity factor range has also been presented in Figure 19 obtained by Murakami [64]. 
A frequency effect is clearly seen at lower stress intensity levels where a significant increase in 
crack growth rate is visible (between 8 and 10 MPa√m), outside this range, the growth rates at 
0.0015 Hz were reported to increase by factor of 2 to 3 when compared to testing at 1.5 Hz. At 
low stress intensity, when crack growth rate is slow, Murakami [64], explains that there is 
sufficient time for hydrogen to accumulate around the crack front during one cycle, when the 
crack propagates, resulting in local embrittlement. As the crack propagates and its propagation 
velocity increases, there is less time per cycle to allow this crack tip accumulation to occur and the 
curve is seen to approach the 1.5 Hz distribution as the crack length and speed increases. A similar 
Literature review 
32 
effect was described to occur in 304 grade, however the growth rate vs. stress intensity factor 
variation was not presented. Martensitic transformation was, again, emphasised to be a 
contributing factor in increasing concentration of hydrogen at the crack tip and its mechanism has 
been schematically described by Kanezaki [17] in Figure 20. 
The schematic drawing presents diffusion pathways for hydrogen to collect in the vicinity of the 
crack via following transformed martensite regions, which enhance its overall (average) diffusion 
rate. In the case of a large amount of martensitic transformation, one may expect enhanced 
concentration of hydrogen around the crack and a stronger embrittlement effect. This has been 
shown to correlate with the varying embrittlement severity of 304 and 316L. 
Schuster [66] investigated fatigue crack propagation in 301 and 302 steel grades, out of which 302 
has greater stability with respect to strain induced martensitic transformation. Uncharged 
samples in form of strips with cross section of 25 by 1.5 mm were tested in a hydrogen 
atmosphere at room temperature, with a near-atmospheric pressure of hydrogen. The samples 
were tested in tension at R=0.05. Stress concentrator in form of a diamond-saw cut notch was 
introduced at the midpoint of sample edge with depth in range of 5 to 10 mm. The test frequency 
of 0.6 Hz (3 Hz during pre-cracking) may well have ensured sufficient time for hydrogen diffusion 
into the crack tip zone however more detailed calculations would need to be carried out to more 
fully assess diffusion times across representative distances and crack propagation rates. The crack 
propagation was measured by inspection with microscope during cycling. Test results for mean 
stress of 66 MPa and 72 MPa were presented in the Figure 21, the samples represented materials 
in annealed and 19% cold worked (19% CW) conditions. 
Schuster confirmed that the embrittlement during fatigue (resulting in acceleration of crack 
propagation rate) correlated with the materials’ stability, it was seen that the 301 alloy was 
affected more than the 302. At high stress intensity factor ranges it was reported that fatigue 
crack growth acceleration in case of 301 alloy was double than in case of 302 (increase by factor 
of 6 vs. 2.7 for 301 and 302 alloys, respectively, compared to argon). In the cold worked condition 
both alloys showed a reduction in crack propagation rates in hydrogen with a slightly greater 
effect observed in 301 steel. It was concluded that BCC martensite could contribute to increased 
crack propagation rates in hydrogen however the observation that the cold working has had some 
beneficial effects was not explained. Susceptibility of 301 steel to hydrogen during fatigue loading 
was also confirmed by Chen in [73] who tested this steel in 20  bar hydrogen at ambient 
temperature and attributed the enhanced fatigue crack propagation in hydrogen to presence of 
martensite and HELP mechanism of HEE. 
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The findings of Shuster do somewhat correlate with the studies of Murakami and his co-workers, 
quoted above, as the increased embrittlement due to reducing austenite stability and enhanced 
crack propagation rates in a cold-worked alloy was reported [66]. Hydrogen content was not 
measured however the testing conditions indicate low hydrogen content in this study and 
possibly only a local influence on the crack process zone by adsorption near the crack tip with a 
slight contribution by diffusion from specimen side surfaces. 
A more detailed study on the 301 steel has been performed by Itatani [69] in which the CT 
material samples were cathodically charged at high temperatures (450 and 300˚C, molten salt 
electrolyte)  and tested at frequencies of 0.1  Hz and 0.017  Hz. The effect of test temperature was 
particularly examined; testing conditions ranged from -10 to 100˚C and the tests were performed 
in hydrogen free environments. Two heats, A and B, of the material were studied, differing in 
terms of increased Si, Mo and V contents in heat B. Heat A contained 21 ppm hydrogen and heat 
B contained 29 ppm, the spatial distribution has not been reported but may be considered 
constant due to the low thickness of the samples. The sample thicknesses were 1 and 2 mm for 
heats A and B respectively, again compromising linear-elastic fracture mechanics (LEFM) validity 
in describing crack growth rates in terms of ∆K. Although the fatigue crack propagation rates are 
compared on this basis to assess testing temperature effects. 
Strong dependence between the testing temperature and fatigue crack growth acceleration has 
been found where the increasing temperatures corresponded to faster crack propagation rates, 
reaching the highest levels at approximately 60˚C. Possible hydrogen loss by the material during 
testing has been ruled out by the author by ageing the charged samples at 100˚C. This result does 
not agree with the generally reported greatest embrittlement severity of austenitic stainless 
steels which are reported to fall in the region of -50 to -70˚C [60]. 
Various tests reported in [69] are summarised in Figure 22, which present variation in fatigue 
crack growth rates da/dN with varying ∆K levels at variable testing temperatures for charged and 
uncharged samples of heat A (left) and heat B (right) of the studied 301 austenitic steel. 
The findings depicted above show the crack growth rates for both 301 heats to increase with 
increasing test temperatures and reach a maximum at temperatures around 60˚C, followed by a 
reduction in propagation rates when the temperature is increased further. When the fracture 
surfaces were investigated, a change from transgranular brittle fracture at low temperatures was 
seen to change to quasi-cleavage fracture at 60˚C and when the testing was carried out at 100˚C, 
a ductile fracture surface was observed. 
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Results discussion by Itatani [69] has been presented with an aid of crack growth acceleration 
factor and martensite content on fracture surface dependence (using XRD method, similarly to 
previous studies) with test temperatures, presented in Figure 23 for 301 heat A (left) and heat B 
(right). The maximum crack growth acceleration factor is observed around 60˚C for both 
materials. Its value is calculated as a ratio of da/dN of charged to uncharged material at selected 
∆K value of 27 MPa√m [69]. No correlation has been found between the amount of strain induced 
transformation and crack growth rate behaviour in this study. Surprisingly, the acceleration factor 
does not increase with increasing amount of crack tip martensite transformation, which is 
inconsistent with findings cited earlier in the review [63]. The authors attribute greater 
embrittlement to enhanced hydrogen transport at increasing temperature with no attention paid 
to enhanced hydrogen transport in martensite. A competitive reaction of “thermal” diffusion 
versus martensitic diffusive transport contribution was seen to possibly overcome the martensite 
ability to embrittle the material at lower temperatures. The measurements took into 
consideration only the fracture surface martensite content, the penetration depth of the 
transformation was not investigated. A large number of unknowns (hydrogen content and 
distribution, martensite penetration depth, LEFM validity) make it difficult to relate Itatani’s study 
to previously cited results. 
2.5.4.3 Effects of artificial hydrogenation 
Experiments comparing two different hydrogen charging methods have been conducted by 
Kuromoto [62]. The studied material, 304 austenitic steel was subject to superficial and internal 
hydrogen charging processes that were designed to obtain high surface concentration and greater 
penetration depth of hydrogen respectively. Theoretical prediction of the hydrogen content 
distributions, together with process details were presented in Figure 24. 
The internal hydrogenation was expected to obtain greater penetration depth, which is 
considered reasonable due to its greater processing temperature and time. The values of 
expected surface hydrogen content, however, seem to be highly overestimated as extreme values 
of 500 ppm of hydrogen by weight have not been yet achieved and the highest reported value 
was in region of 110 ppm using a different, more effective, charging approach [65] (high pressure 
and temperature hydrogen exposure for 400 h). The testing environment was not specified and 
for the purpose of further analysis it is assumed to be air in normal conditions, test frequency was 
set to 50 Hz indicating a possibility of limited influence of hydrogen on crack propagation (due 
hydrogen transport effects, as discussed previously) and the experiment concentrating mostly on 
crack initiation regime. 
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Although little information on the hydrogen influence on crack growth rates can be extracted, due 
to the experiment design, some information about fracture modes can be obtained. The test was 
a S-N investigation, comparing the fatigue lives of hydrogenated specimens (flat tensile type, R=1, 
alternate flexion), with the results presented in Figure 25. 
The fatigue life of the hydrogenated material was observed to decrease in comparison with the 
uncharged material, with high levels of scatter making the comparison of different charging 
methods difficult. The charging and post treatment approach, via 4-day specimen aging at 100˚C 
were interpreted to introduce surface or near surface damage in the specimen. Cracking of strain 
induced martensite and surface cracking was concluded to be the cause of lowered fatigue life 
[62]. Micrographs of the surface and martensite induced cracking were presented in Figure 26. 
The reduced fatigue life in the case of a superficial charging approach was attributed to high 
hydrogen content at the materials surface and surface damage due to the process, which adds up 
to a deteriorating effect of hydrogen embrittlement. HCP martensite reported to form during 
cathodic charging may act as nucleation sites for BCC, α’, martensite which may give rise to 
interface cracks (at austenite-martensite boundaries) and enhances hydrogen diffusion through 
the material. Due to the very high frequency (compared to previous studies), the crack 
propagation velocity is likely to be higher than hydrogen transport into the crack tip fracture zone 
and thus the damaging influence of hydrogen may be limited to short crack lengths at the 
beginning of the test (when the crack is still in hydrogen rich region) and essentially to the 
initiation stage as described before. The fitted S-N curves are seen to have similar slopes, possibly 
implying crack growth rate invariance to different hydrogen distribution for the two charging 
modes. The crack initiation period is shown to differ between the two charging methods, however 
due to the scatter in the reported data it is difficult to assess the exact difference between them 
in terms of surface damage. 
2.5.4.4 Hypothesis of fatigue crack growth retardation by hydrogen 
There is some, although limited, evidence that hydrogen presence may introduce beneficial 
influences during cyclic loading, demonstrated by reduction in fatigue crack growth rates. 
Relevant results that show examples of such behaviour are presented and analysed below in 
order to attempt to distinguish between conditions, which separate hydrogen embrittlement 
examples from cases where fatigue crack propagation was retarded. 
Again, the study will concentrate on 304 and 316L austenitic steel grades, characterised by 
different austenite stability, in order to present comparable results to the previously quoted 
investigations. An example of beneficial hydrogen influence on fatigue has been presented by 
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Mine [48] in which both 304L and 316L steels have been subject to carefully designed charging 
procedures in order to establish high, uniform, hydrogen distribution in the samples. 
A gaseous hydrogen charging approach was used, in which the samples were subject to exposure 
to high-pressure hydrogen atmosphere for 200 h at various temperatures and pressures. The 
hydrogen content was experimentally described only for superficial hydrogenation (lower 
temperature and moderate pressure). The material has not been characterised after the long 
term heating period. The distributions of the experimentally measured hydrogen contents in 304 
and 316L steels are accompanied by theoretical prediction of the entire hydrogenation processes 
[48], Figure 27. 
It is important to note considerably higher concentrations of hydrogen of 23.8 ppm (measured 
[48]) when compared to averaged values in previous studies close to 4 ppm [64]. The tests were 
carried out in laboratory air at room temperature (assuming negligible hydrogen desorption 
during the test) using fully reversed loading (R=-1) of round tensile test type specimens with 
artificially introduced crack initiation in the form of a drilled hole (as described in section 2.5.4.2) 
at variable frequencies from 0.1-0.3 Hz during pre-cracking, reduced to 0.05 Hz during crack 
propagation for 316L samples. The crack length development during continuous cyclic loading was 
presented in Figure 28 for the studied materials samples. 
First of all, the interesting case of the entirely hydrogenated 304 steel sample, is described by the 
author, which has the highest reported hydrogen content of 92.8 ppm of hydrogen. The crack was 
not seen to initiate during 19000 cycles after which the test was interrupted. The plot indicates 
that the life of the uncharged sample (only having residual hydrogen from the production 
processes) was characterised by total life of around 11000 cycles only. 
The 304 steel has suffered embrittlement at 0.3 Hz frequency with both superficial (surface) and 
entire hydrogenation (H content of 25.1 ppm) samples showing reduced life. The superficially 
hydrogenated sample was characterized by a 1.6-fold increase in fatigue crack growth rate 
compared to an uncharged specimen. Mine concluded that the increase in crack propagation 
rates for the 2 examples shown was caused by local hydrogen influence at the crack tip, 
preventing blunting from occurring and maintaining a sharp crack during the loading cycle. In case 
of 316L, the superficial hydrogenation had only a little influence on fatigue life and entire 
hydrogenation with high hydrogen content of 82.7ppm has been shown to significantly improve 
the fatigue life of the material. 
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Mine [48] attempted to explain the observed results by consideration of slip planarity in the 
studied materials. Investigation of slip band morphology has been conducted by atomic force 
microscopy (AFM) techniques with the results collected in Figure 29. 
It was seen that the slip bands in the case of the superficially charged 304 sample have been more 
localized near the crack when compared to an uncharged sample. Hydrogen was suspected to 
restrict the deformation to a region in close proximity of the crack. In case of 316L steel, there 
was little difference in slip band characteristics presented between superficially charged and 
uncharged samples, which were also characterized by similar fatigue performance [48]. These 
findings are consistent with the HELP model presented before, where hydrogen enhances slip in a 
narrow region around and ahead of the crack. Unfortunately, no interpretation of the apparent 
beneficial hydrogen influence on crack propagation in 316L steel has been presented. 
In order to attempt to explain the hypothesis of beneficial hydrogen influence on fatigue 
performance of austenitic stainless, a more detailed study by Murakami [65] was specially 
designed and conducted to investigate the “hydrogen effect against hydrogen embrittlement”. 
Similarly to the study above and previous ones, round tensile type specimens were manufactured 
out of 304 and 316L steel grades with a drilled 100 µm hole to initiate the crack. The samples 
were charged in high-pressure hydrogen under varying conditions. Charging pressures ranged 
from 10 to 100 MPa, temperatures fell in the region of 280 to 85˚C and charging time ranged from 
374 to 416 h. These conditions produced variable hydrogen content in the material, found to 
range from 109.3 to 22.1 ppm which was in all cases more than the thermal equilibrium content 
predicted theoretically, meaning that hydrogen desorption could occur during the test [65]. The 
testing atmosphere was room temperature air during initial crack growth, changed to 0.7 MPa 
hydrogen during further crack growth. 
The 304 austenitic steel was the primary topic of the investigation, the 316L testing data was not 
presented. It was found that the high, supersaturated, hydrogen content in the samples 
substantially increased their fatigue life. The result of the study has been presented in Figure 30, 
describing the crack propagation in the 304 sample at three different charged hydrogen content 
levels. 
While the moderate charging of 29.9 ppm has resulted in deterioration of fatigue life it can be 
seen that the high hydrogen contents of 70.4 and 89.2 ppm have substantially increased life with 
the beneficial effect being increased at the higher hydrogen charging level. It is important to note 
the high testing frequency of loading of 1 Hz. The literature quoted previously has implied that 
increasing the frequency of loading produces an improvement of fatigue properties. 
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Murakami [65] has also considered reduced frequency loading at high hydrogen contents with the 
results presented in Figure 31 where the “beneficial” effect of high content hydrogenation was 
still evident. A hydrogen charged specimen at 60.8 ppm level is seen to present similar behaviour 
as an uncharged sample at 1 Hz. Reduced frequency in this case did not yield decreased fatigue 
performance, as has been seen before [64], and is confirmed by obtaining an uncharged sample 
crack propagation curve at 0.0015  Hz which is presented in Figure 31. It can be seen that the 
crack retardation potential has been reduced with decreasing frequency (comparing curves B-1 
and B-2) but the behaviour of the sample is still seen to be improved when comparing to 
uncharged specimens at both high and low frequencies. One may thus suspect that high hydrogen 
abundance at high crack speeds (not rates) does have a pronounced beneficial effect, however as 
the crack propagation speed is slower, hydrogen concentration at the tip may reduce this effect, 
the hypothesis that HE is controlled by hydrogen transport in the lattice is thus still valid, because 
the reduced frequency of 0.0015  Hz in the above study did still yield deterioration in behaviour 
when compared to 1  Hz loading (even though both tests shown improved fatigue life compared 
to uncharged samples). 
Murakami [65] appreciated that it is challenging to establish a unified model for hydrogen 
influence on fatigue behaviour of austenitic stainless steels and noted that these research results 
do not fully explain the observed, sometimes contradictory, effects. He proposed that hydrogen 
has a prominent influence on the plastic zone size ahead of the crack, with increasing hydrogen 
content reducing its size via constraint produced by dislocation pinning by hydrogen. This is seen 
to agree with the HELP model, by resulting in localized slip behaviour and difficulty of cross-slip. It 
is difficult to relate this observation to frequency effects as reduced frequency would be expected 
to yield beneficial results in terms of reducing crack propagation rates, however the opposite 
result was seen. Murakami expected that low frequency will result in dislocation pinning and 
crack growth retardation [65], this is not evident when the presented results are studied however 
the author suspects that crack growth acceleration approaches a limit controlled by hydrogen 
diffusion rates whilst reducing frequency. 
2.5.5 Fracture in hydrogen 
Studying fracture mechanisms via post-mortem investigation of the samples’ crack faces is an 
important part of fatigue evaluation. Hydrogen influence on fracture in austenitic stainless steels 
has been seen to be revealed through mixed fracture modes on the sample surface and features 
of modified ductile failure on fatigue samples. Hydrogen influence on formation of fatigue 
striations has received substantial attention with key results from earlier cited references 
reviewed below. The influence of the superficial (surface) charging state will be reviewed first in 
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order to show that the surface can deteriorate during such charging conditions and thus may 
affect testing results (certainly during mechanical testing of cathodically charged samples). 
Kuromoto [62] obtained SEM images of fracture surfaces near the sample surface after fatigue 
testing round of tensile type specimens (the results have been reviewed before, in section 2.5.4.2 
of the report). Noticeable amounts of martensite (created prior to testing) and large numbers of 
surface cracks have been reported and were determined to be a crucial factor in deterioration of 
fatigue life of samples charged by electrochemical approaches. The surface transgranular and 
intergranular surface cracks due to superficial hydrogen charging are presented in Figure 32. 
It is important to emphasise that although, at first, martensite was suspected to be the cause of 
hydrogen embrittlement of austenitic steels, it was not seen in entirely hydrogenated stable 
steels (before testing) and thus this possibility appears to be ruled out [62]. 
Murakami [3] investigated the influence of hydrogen on fatigue striation formation in charged 304 
steel grade. Reduced striation height and shape irregularities when compared to uncharged 
samples have been observed. His findings are described on the fractographs in Figure 33, together 
with striation profile data obtained by stereoscopic SEM inspection. 
Murakami in [64] has attempted to explain the observed alternation in striation formation by 
hydrogen influence on the local yield strength of the material ahead of the crack tip, where 
hydrogen diffuses towards during loading. The result is that even if crack tip blunting occurs 
during the loading cycle, below the maximum load point, as the load is further increased, localised 
material weakening will produce further crack growth. Reduced striation spacing is attributed to 
continuous crack resharpening due to enabled slip ahead of the crack [64]. It is difficult to 
compare these findings with the effect of hydrogen on dislocation pinning and resulting crack 
growth retardation as shown by Murakami [65] and was reviewed at the end of section (2.5.4.2.) 
in fact these findings seem contradictory by attributing the local hydrogen concentration a role 
which causes opposing effects of both increasing and reducing crack propagation in similar 
materials. 
2.5.6 Conclusion 
It is difficult to establish a unified model of hydrogen influence on the fatigue behaviour of 
austenitic stainless steels. A further evaluation of HE mechanisms via establishing the hydrogen 
influence on and interaction with dislocation motion and slip planarity, needs to be carried out 
with an attempt to relate these to observed micro-mechanisms of fatigue whilst assessing local 
mechanical property variations and the length and time scales of the various proposed 
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interactions. Despite the difficulty in achieving a full understanding of hydrogen influence on 
fatigue in austenitic steels, some conclusions may be drawn based on previously reported studies: 
• HE during cyclic loading is controlled by the ability of hydrogen to diffuse through the 
lattice. Reduction of testing frequency was seen to decrease fatigue life, which is 
sometimes attributed to increased time available for hydrogen to diffuse to the crack-tip 
stress field. 
• The hydrogen charging method is an important variable as different methods yield 
various hydrogen distributions as well as possible surface damage. It was seen that a high 
concentration gradient is produced during cathodic charging and that this technique may 
present different failure mechanisms occurring near the surface and in the sample bulk. 
Gaseous, high temperature, charging was assumed (via modelling) to produce an even 
hydrogen distribution with no surface effects suspected. Additionally, only gaseous 
charging was shown to be able to achieve high contents in the whole sample and this 
technique is successfully used in achieving such concentrations. 
• Strain induced martensite can enhance hydrogen transport into the fatigue crack region. 
• The effect of the temperature on fatigue of austenitic steels subject to hydrogen influence 
has not yet been clearly established with contradictory findings obtained where hydrogen 
embrittlement was seen to be most severe at +60˚C [69] while mechanical testing has 
resulted in most HE severity at -50˚C [60]. Temperature effects need further investigation 
as it’s difficult to relate simple mechanical testing data to fatigue behaviour of hydrogen 
charged materials (given the expected hydrogen distributions). 
• The influence of external pressure on hydrogen embrittlement during fatigue has also not 
been extensively researched. In the case of supersaturated samples, the hydrogen 
diffusion (from the gas atmosphere) into the sample will be limited, however in case of 
low internal hydrogen content such dependency needs to be studied. This needs to reflect 
more closely the operating conditions of materials utilised in high-pressure hydrogen 
systems. 
• There is a large discrepancy in research findings, even conducted by the same author, 
indicating a significant challenge in understanding hydrogen influence on microscopic, 
mesoscopic and macroscopic scale mechanisms in austenitic stainless steel. 
The literature review has informed the design of experiments proposed for investigation of 
hydrogen influence on fatigue crack propagation (in terms of crack growth rates) in austenitic 
stainless steels, which are presented in the following section. 
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2.6 Research goals 
The reviewed literature covers various approaches to experimental verification of the influence of 
hydrogen on fatigue crack propagation rates and mechanisms of damage in austenitic stainless 
steels. Based on the reviewed literature, the key areas for examination during the EngD research 
project were identified. Hydrogen effects on deformation mechanisms have been reviewed 
together with potential damaging interaction between solute hydrogen and microstructural 
features in the studied steels. The following list explores the various external factors influencing 
the hydrogen embrittlement mechanisms and thus the hydrogen environment embrittlement 
severity (either direct or indirect). The influence of the presented variables on severity of ductility 
loss and fatigue crack growth acceleration in candidate steels have been investigated during the 
current EngD project by appropriate design of the test matrix, described in the Methodology 
chapter and have formed the main research goals of this work. 
• Test temperature. Evidence of competition between diffusion enhanced by temperature 
and diffusion in martensite has been observed. At high temperatures, little martensite is 
expected to form and the hydrogen diffusion will be controlled by the temperature. Once 
the temperature is reduced, the amount of strain induced martensite will be seen to 
increase, changing the hydrogen transport from temperature controlled to martensite 
content controlled. Hydrogen adsorption on the surface and transport into the bulk of the 
material will also be controlled by the temperature. The temperature will also influence 
the phase constitution in the tested material via affecting the transformation amount 
ahead of the crack tip. Additionally, slip characteristics will be affected by changing 
temperature due to varying amount of cross-slip. 
• Load frequency. It was evident that the frequency does have a great influence on fatigue 
crack growth acceleration per loading cycle. Low testing frequencies enable hydrogen to 
diffuse into and concentrate in the tri-axial stress zone ahead of the crack. Higher 
frequency crack propagation (and its higher cross sample velocity) will be more influenced 
by encountered hydrogen content and could possibly serve as an indication of 
“instantaneous” influence of hydrogen on observed fracture (as the time for hydrogen 
concentration to develop near the crack is limited), should such ‘prior’ hydrogen be 
expected to be present in the studied alloy. 
• Hydrogen pressure. During investigation of the effect of hydrogen environment on 
embrittlement severity, the pressure (and temperature) of the hydrogen gas in the 
chamber will influence the amount of hydrogen adsorption at, and diffusion within, the 
crack process zone, which will change the crack growth rate behaviour. 
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• Stress intensity. Different stress distributions at the crack tip will result in varying 
hydrogen accumulation as well as varying amounts of strain-induced martensite. 
Additionally, at high crack tip stress intensities, fast crack propagation will reduce the 
time available for hydrogen to collect within the crack tip zone, similarly to high frequency 
testing described above. 
• Composition and microstructure. Alloying composition will determine the intrinsic 
deformation characteristics as well as phase stability and constituency of studied steels. 
This will in turn control the susceptibility of certain alloys to hydrogen enhanced damage 
and allow for assessment of the effects of various deformation modes and microstructural 
features on enhancement or retardation of hydrogen effects. 
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Chapter 3: Methodology 
3.1 Introduction 
This chapter describes the methods used during the EngD project throughout the experimental 
part of the research programme. Description of experimental equipment used to complete the 
work has been presented together with a discussion of the techniques applied during the 
research phase of the project. Additionally, details of substantial equipment development work, 
carried out during the project, have been described and presented towards the end of the 
chapter. 
3.2 Experimental work overview 
The review of literature on HEE of austenitic stainless steels allowed identification of the key 
variables controlling material behaviour in a hydrogen atmosphere. Test temperature and 
pressure, together with loading frequency, were identified as primary variables for investigation 
during the experimental part of the programme. This section gives the details of material 
characterisation and testing work completed during the EngD project. Techniques and equipment 
used to complete the project goals are described in sections 3.3 and 3.5, respectively.  
3.2.1 Material characterisation  
First, baseline data describing as received material properties such as composition and 
microstructure constitution were gathered. Preliminary work of the project concentrated on: 
• Investigation of chemical composition of the selected steels, 
• Preparation of metallographic specimens for microstructure investigations, 
• Investigation of alloying element segregation in the materials. 
The obtained results were used to identify the possible areas of interest during result analysis part 
of the project and are detailed in later sections. 
3.2.2 Influence of high pressure hydrogen effects on austenitic stainless steels in 
monotonic loading 
Mechanical properties of the selected steels have been investigated in ambient and high-pressure 
hydrogen atmospheres, in order to examine their susceptibility to hydrogen embrittlement during 
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monotonic tensile loading. The study allowed determination of the effects of hydrogen on yield 
and ultimate tensile strengths of the materials as well as the effects of hydrogen on ductility. The 
tensile testing was scheduled to provide preliminary insight into possible effects of pressure and 
temperature on HEE severity and to provide an initial comparison between the candidate 
materials. 
The test matrix for tensile testing is presented in Table 4 and the description of the specimen 
design and preparation as well as testing parameters are given in section 3.4.4. 
3.2.3 Influence of high pressure hydrogen effects on austenitic stainless steels in fatigue 
Following on from the material characterisation work, and the investigation of hydrogen influence 
on tensile behaviour of the selected steels, a fatigue testing matrix was proposed. Drawing from 
the literature survey and preliminary experimental work, variables of interest have been 
identified as: 
• Test temperature, 
• Hydrogen gas pressure, 
• Material type, composition, stability (two representative materials selected), 
• Test frequency. 
Selection of the testing conditions was partially dictated by the operating envelope of the 
available apparatus and also current research targets in the field of HEE, reflecting the target 
deployment conditions of the selected materials.  
Commencement of the fatigue test programme was preceded by extensive re-design and 
commissioning of a fatigue loading assembly that was developed to integrate with the high 
pressure hydrogen test apparatus, described in more detail in section 3.5.5. 
The fatigue test matrix comprised two test types: full ∆K range fatigue crack growth tests under 
constant load range, and hence increasing ∆K, and scanning tests at a constant ∆K. Scanning tests 
have been designed to explore the influence of a single variable (frequency and pressure effects 
were explored in this way) on crack propagation rate at constant ∆K. Load ratio of R=0.1 and 
loading frequency of 1 Hz were selected for the testing programme.  
The final testing matrix of the EngD project is presented in Table 5. The details of the testing 
approach, specimen design and testing parameters are presented in more detail in section 3.4.6. 
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3.3 Experimental techniques 
In this section materials examination and testing methods are presented, detailing the 
experiment design and execution approaches during the EngD project. Specimen preparation and 
analysis techniques are presented, followed by details of experimental work carried out in high 
pressure hydrogen atmospheres. The techniques are presented in chronological order of 
completion, starting from material characterisation work, through tensile and fatigue testing, 
leading to post-test analysis methods.  
3.4 Specimen extraction 
The specimens subject to examination and testing during the project were extracted from parent 
material plates according to the project plan. Both 304L and 316L steels were supplied in the form 
of 500x300x20 mm plates with 500 mm running along the rolling direction in both cases. The 
orientation of the tensile and fatigue test specimens has been presented in Figure 34. 
3.4.1 Chemical composition investigation 
The alloy composition of the selected materials (304L and 316L) was investigated using Optical 
Emission Spectroscopy (OES) provided by the project sponsor, TWI. Cuboid specimens measuring 
28x20x20mm, as shown in Figure 35, were ground to remove surface contamination prior to 
analysis and investigated at 3 different locations to determine an averaged bulk material 
composition. The investigated face was perpendicular to the longitudinal plate direction (i.e. 
along the rolling direction). Nitrogen content of the materials was measured by melt extraction of 
3 randomly selected material samples from available off-cuts remaining after extraction of tensile 
test specimens. 
3.4.2 Microstructure characterisation 
Metallographic specimens, prepared by grinding with successive grades of SiC paper followed by 
polishing stages using 3 µm and then 1 µm diamond paste and an OP-S (Oxide Polishing 
Suspension, Struers®) final finishing stage (to 0.25 µm) have been etched with 10% oxalic acid 
etch at a potential of 5 V and 0.4 A current for 1 minute and investigated using an Olympus 
BX51M microscope at magnifications of 50x, 100x and 200x to obtain microstructure micrographs 
in 3 different orientations, longitudinal (L), transverse (T) and short transverse (ST). 
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The grain size of the studied materials has been determined using micrographs at two different 
magnifications (100x and 200x) using an Olympus BX51M microscope with ASTM standard grain 
size measuring nets. 
3.4.3 Local variations in chemical composition 
The investigation of alloy constituent segregation due to production processes has been 
investigated using EDX techniques. A JEOL JSM-6500F scanning electron microscope (SEM) at 
University of Southampton, equipped with Oxford Instrument EDS controlled by Inca Energy 
software, was used to provide the local chemical composition data. The imaging was carried out 
at an accelerating voltage of 20 kV using a line scan strategy at magnification of 500x in the 
central area of the 304L and 316L metallographic samples. The line scans consisted of 30 discrete 
scanning points, each with a detection time of 120 s, and corresponding to the T direction (plate 
through-thickness) of the parent material and the central location of the parent material plate. 
3.4.4 Tensile testing 
Round tensile samples measuring Ø12x100 mm were manufactured with Ø5x30 mm gauge 
section in the centre as shown in Figure 36. In order to minimize the surface roughness as well as 
to reduce the possible influence of machining induced martensite on the test results, the gauge 
sections of the specimens were manufactured according to the following guidelines, as presented 
by Martin [6]; 
• Linear feed rate fn=0.02 mm/rev 
• Radial feed rate ap=0.1 mm/rev 
• Cutting speed vc=50 m/min 
The samples were then lightly polished using 2000 grit SiC paper to remove any possible artificial 
marks/scratches due to specimen handling. The specimens were not heat treated in order to 
reflect the as received and as-manufactured state, likely to reflect the state of the material or 
components used in the hydrogen gas processing industry. 
Tensile tests have been carried out in displacement control and at a crosshead displacement rate 
of 0.002 mm/s on TWI test machines; Instron 5567 and TWIB717, in air and hydrogen 
environments at 400 bar and 1000 bar respectively, at temperatures of 25˚C, +50˚C and -50˚C. An 
extensometer with a working span of 25 mm (extended to 47.5 mm in the case of a low 
temperature test), secured on the gauge section of the specimen was used to measure 
Methodology 
47 
displacement. The test results were summarized in the form of stress-strain curves and numerical 
data describing yield stress, UTS, %-elongation and %-reduction in area of each specimen were 
generated. 
3.4.5 Measurement of magnetic phases content in the microstructure 
The content of magnetic phases of the investigated materials has been measured using a 
Magne-Gage instrument. This is used to determine the ferrite number (FN) of investigated 
material by measuring the force of attraction between the specimen and a magnet. The 
instrument was calibrated prior to each measurement session allowing it to operate within the 
selected range of ferrite numbers. Coating thickness calibration standards provided by the 
National Bureau of Standards, US Department of Commerce, were used to calibrate the 
instrument with specimens of known ferrite number. Metallographic as well as the tensile 
specimens’ sections have been subject to investigation in order to determine the amount of strain 
induced martensite evolution during testing.  
It is important to note that the result of the measurements should only be treated as an indicative 
figure to aid with relative comparison of the tested materials. Factors such as local variations in 
alloy composition, the unavoidable subjective selection process of the measured area and 
measurement device imperfections will have affected the reproducibility and accuracy of the 
results. Varying curvature of the substrate surface could also influence the end result.  
3.4.6 Fatigue crack propagation testing 
Fatigue crack growth rate testing of the selected materials has been carried out in TWI LTD using a 
servo hydraulic testing machines with reference numbers: TWIB717 and Instron 5567. Samples of 
SENB-Bx2B type measuring 30x15x140 mm with an EDM machined notch, 0.2 mm wide x 3 mm 
deep, were subjected to constant load range/ increasing ∆K testing in a 3-point bend 
configuration. The specimens were first pre-cracked in air at room temperature at a constant ∆K 
of 10 MPa√m for 0.5 mm of crack growth at a frequency of 5 Hz and a load ratio of 0.1. The 
specimen orientation corresponds to the L-T orientation according to ASTM standards[77], with 
the effective tensile axis being along the longitudinal (L) direction and the crack propagation 
direction being along the transverse (T) direction (Figure 34). The samples were tested 
subsequently in a range of environments as described earlier in section 3.2.3. The crack length 
was monitored using a direct current potential drop (DCPD) system described in detail in section 
3.5.4.  
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Fatigue loading was stopped before the final stages of unstable crack propagation, in order to 
conduct a post- test calibration of the crack length predicted by the potential drop (PD) trace, 
according to BS 7448-4:1997. 
The frequency scanning tests, as explained earlier, were conducted at constant ∆K levels, 
frequency scanning tests were conducted at ∆K levels of 15 and 25 MPa√m respectively, for a 
crack growth increment equal to four monotonic plastic zone radii under each frequency 
condition. 304L, having a lower yield strength and thus larger plastic zone size, could only be 
tested at three frequencies in a given sample; 1, 0.1 and 0.01 Hz with a 1 Hz final test step to 
investigate crack depth effects on the observed phenomena. The 316L sample, characterised by a 
smaller plastic zone, allowed for more frequency test steps and was tested at 1, 0.5, 0.1, 0.05, 
0.01 and 1 Hz. 
Similarly, the pressure scanning tests were carried out at a constant ∆K level of 25 MPa√m and 
pressures of 200, 300, 400, 450, 500, 700, 800 and 1000 bar. The crack growth increments during 
pressure scanning were reduced to two plastic zone radii as the crack growth rates in the 
frequency scanning tests have been seen to be stable throughout the majority of the four plastic 
zone radii test step duration. Additionally, the first growth step in the experiment (200 bar) was 
extended by an additional 0.5 mm crack extension in order to allow for potential transient effects 
at the start of the test to stabilise. 
In order to complete the fatigue testing matrix in high-pressure hydrogen, the vessel needed to 
be equipped with a SENB loading assembly together with a heat exchanger, allowing for cold 
testing. The design of apparatus, its construction and installation as well as adaptation of the 
existing apparatus to suit the testing needs were significant goals of the EngD project.  
Testing apparatus used throughout the EngD project is described in section 3.5. Extensive 
development and maintenance work carried out on the equipment are described in section 3.5.5. 
The detailed design process of the fatigue loading assembly and heat exchanger for testing in sub-
ambient temperatures has been presented in the Appendix A: Experimental equipment design.  
3.4.7 Metallographic specimen sectioning and preparation 
Sectioning was carried out on tensile and fatigue tested specimens in order to investigate the 
microstructure beneath the fracture surfaces. Round tensile specimens were coated in Lacomit 
stopping-off lacquer prior to mounting in order to preserve the external faces during the process 
and ensure ease of specimen removal from the mount if necessary. The selected half of the 
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specimen was placed in a container and locked in position using steel springs to ensure the plane 
of observation was perpendicular to linear features observable on the fracture faces. 
The specimens were mounted in Epo-fix cold mount resin and metallographically prepared as 
described in section 3.4.2. The specimens were etched electrochemically in 20% sulphuric acid 
solution at 4 V potential for 15 seconds. 
Fatigue tested specimens were subject to sectioning in order to preserve an undeformed crack tip 
to investigate the possible hydrogen effects in the crack process zone. 2 mm thick specimen 
sections with the crack embedded in the centre were extracted using wire-cut electric discharge 
machining process (EDM). The process required immersion in cooling fluid and, in order to 
minimise specimen contamination, Lacomit lacquer was first placed on the specimen surface and 
in the specimen notch to attempt to block the fluid ingestion into the crack. Standard coolant has 
been replaced with deionised water to further reduce contamination risks in case of incomplete 
lacquer penetration into the crack. 
The obtained sections were cleaned by immersion in acetone and mounted in Bakelite using 
50 mm diameter mounts and prepared for examination. 
3.4.8 Preparation of tested specimens for fractographic investigation 
When the tested SENB specimens were broken open, it was found that the fracture faces were 
contaminated by residue created during removal of the metallographic sections. It is likely that 
the surface tension of the lacquer was too high to allow sufficient penetration into the crack, so 
that the desired protection was not achieved. 
Specimens were therefore initially cleaned with acetone by spraying and immersion, followed by 
ultrasonic cleaning for 30 minutes. This process removed the lacquer residue and provided a first 
step of cleaning process. Acetone, however, was not able to remove the cutting residue as shown 
in Figure 37. 
SEM investigation of the fracture faces of the tested specimens revealed noticeable 
contamination shown in Figure 38 (top). Chemical treatment was investigated as possible means 
of cleaning the residue. A trial specimen was subjected to the procedure and resulting SEM 
micrographs were compared with images of the same areas prior to cleaning. An inhibited acid, 
GARDACID® P4360 has been prepared in 10% solution at room temperature and the specimen 
was immersed in an ultrasonic bath for 20 seconds. SEM micrographs of the fracture face prior to 
and after the treatment have been presented in Figure 38. After this successful trial the remaining 
specimens were cleaned with the same approach.  
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3.4.9 Fractography 
SEM fractography was conducted using a Zeiss Sigma SEM-FEG microscope, in TWI. The crack 
front posiWon corresponding to 3 diﬀerent ΔK levels of 15, 20 and 25 MPa√m was idenWﬁed using 
fatigue crack growth data and subject to investigation. Imaging was carried out at various 
magnifications and the micrographs were presented in a tabular form to explore the differences 
in fracture face appearance with increasing stress intensity range as well as in pairs to explore the 
differences between fracture in air and hydrogen. Detailed fractographs have been used to 
elucidate the hydrogen influenced fracture in the micro-scale and are presented in the discussion 
chapter of the thesis. 
3.4.10 EBSD analysis 
In order to investigate the microstructure deformation and orientation characteristics in the 
proximity of the crack wake and at the crack tip, the fatigue specimen sections were prepared for 
EBSD analysis. Following standard metallographic preparation techniques, the specimens were 
subject to further treatment immediately before observation by polishing with OP-U and OP-S 
(Struers ®) solutions in an automatic polisher. 
In order to allow for fast turnaround in case of unsuccessful preparation (residual scratches) or 
observation (carbon contamination in the SEM), specimen holders were designed and 
manufactured to enable fast specimen exchange for polishing and installation in the SEM. This 
allowed the turnaround time to be significantly reduced as the specimens could be prepared 
without the need for mounting in resin or Bakelite which require certain curing times and 
introduce damage risks during specimen extraction from the mount. Specimen dimensions were 
reduced from initial 30x30 mm to approximately 20x30 mm allowing for reduction in working 
distance of the SEM, as shown in Figure 39. 
EBSD observation was carried out at 30 kV accelerating voltage with 120 µm aperture in a Zeiss 
Sigma FEG-SEM with EBSD apparatus supplied by Oxford Instruments, controlled by Oxford 
Instruments Aztec software. Area mapping and longitudinal scans were carried out at crack tips 
and along the crack paths, respectively, depending on the requirements. 
3.5 Experimental equipment for testing in hydrogen atmosphere 
This section concentrates on the development of the facilities for testing in high-pressure 
hydrogen atmospheres. Firstly, the baseline characteristics of the facilities are given, followed by 
a description of each apparatus concentrating on features of interest for the EngD project as well 
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as identifying the challenges encountered and improvements made during the duration of the 
project. 
TWI Ltd has developed two vessels to enable mechanical testing to be conducted in high-pressure 
hydrogen atmospheres at controlled temperatures. The characteristic features of each facility are 
summarised below: 
• Medium pressure vessel 
o Hydrogen pressure: ≤450 bar 
o Testing temperature range: room temperature (RT) to +80˚C 
o Testing: 
 Tensile: round and flat specimens  
 Fatigue:  SENB (3-point bend) specimens 
o Load cell capacity: 100 kN (calibrated to 0.5 kN in compression) 
o Loading capacity: up to 50 kN, static/dynamic up to 5 Hz in air and 1 Hz at 
pressure 
• High pressure vessel 
o Hydrogen pressure: ≤1000 bar 
o Testing temperature range: -50˚C to +80˚C (heat exchanger on the specimen 
developed as part of the EngD project) 
o Testing: 
 Tensile: round specimens 
 Fatigue: SENB (3-point bend, developed as a part of EngD project) 
o Load cell capacity: 50 kN (calibrated to 0.5 kN compression) 
o Loading capacity: up to 50 kN, static/dynamic up to 1 Hz  
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3.5.1 Medium pressure facility 
The facility, shown in Figure 40, comprises the following elements: 
• Load frame with load cell 
The apparatus uses a standard Instron 8801 load frame equipped with a 100 kN capacity hydraulic 
actuator and external load cell placed above the test chamber. The loading ram is fed through the 
bottom of the chamber and reaction ram together with internal load cell (mounted inside the 
vessel) is guided through the top and connected to the crosshead. 
• Pressure vessel 
The test chamber is a two-part assembly consisting of the main vessel body and door suspended 
on hinges fixed to the side of the vessel. The gas containment is ensured by application of a 
double O-ring seal arrangement, which is placed between the door and vessel body and 
compacted by vessel closure bolts (12 off). In between the seals, a breather port was introduced 
which is connected to a bottle filled with water to indicate any leaks of the primary (inner) seal. 
This arrangement has been extended to all seal locations in both facilities where each seal is 
either doubled (similar seal kind) or backed up with an O-ring directing the flow of gas to a check 
bottle. 
• Gas delivery and pressure control system 
Hydrogen gas is supplied to the facility from a standard issue bottle-pack, typically housing 11 
hydrogen bottles at a fill pressure of 200 bar. The gas used in testing is 6N pure hydrogen supplied 
by Air Products with reported 99.9999% purity. Gas supply installation is placed in the testing 
compartment of the laboratory and is controlled by a pneumatic valve system, which ensures no 
hydrogen containing equipment is guided outside of the test cell. The valves are controlled by 
pressure control equipment supplied by Stansted Fluid Power Ltd, which controls the fill and vent 
sequences of nitrogen and hydrogen gas supplied to the chamber using a PLC (programmable 
logic controller). 
In order to ensure high purity of the test gas, a gas purging sequence has been introduced prior to 
filling with hydrogen for testing. At first a number of oxygen-free nitrogen fills and vents are 
conducted to a pressure of 10 bar, which were then vented for a pre-set time. After a total of 3 
nitrogen purge cycles, the vessel is cyclically filled with 10 bar test purity hydrogen and vented to 
above-atmospheric pressure. After 6 off hydrogen purge and vent cycles, the vessel is filled up to 
approximately 90 bar and then pressurised further by the hydrogen-pressurisation apparatus 
discussed later in this section. 
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• Data acquisition systems 
The test data are gathered via an Instron controller output (loading parameters, cycle count, 
strain etc.) coupled with National Instruments Rio data acquisition modules (DCPD, load etc.). 
Depending on the experiment type, test control software, developed by TWI based on National 
Instruments Lab View software, is used for data acquisition and test control. The software 
incorporates the following features: 
o Data acquisition from load channels (internal and external load cells) 
o Data acquisition from transducers (clip gauges, extensometers) 
o Loading control (communication with Instron controller to control the loading 
parameters) 
3.5.2 High pressure facility 
The facility, shown in Figure 41, comprises the following elements: 
• Vessel support assembly with hydraulic actuator 
The base provides support to the pressure chamber and houses a 100 kN hydraulic actuator 
controlled by Instron hardware with standard 8800 series control panel (matching the setup of 
the 450 bar apparatus). The loading ram passes through the vessel base, part of which acts as a 
reaction force assembly for the ram to press against. 
• Pressure vessel 
The pressure vessel has been designed as a joint effort by TWI Ltd, KW design and Stansted Fluid 
power. The chamber has been designed with an innovative approach where the pressure vessel is 
lowered onto a plug (base) and secured with load bearing pins allowing for fast test setup and 
good accessibility to the test space. 
The base of the vessel acts as a pressure plug and is equivalent to a vessel door in traditional 
design. Additionally, the base is designed to house the data acquisition system wiring, coolant 
supply piping and actuator ram with pressure balance chamber and seal assemblies. The loading 
force reacts against a ‘lantern ring’ with is designed to house the internal load cell fitted to its top 
cover into which the specimen loading adapters are threaded. 
A pressure balance system ensures that there is no feedback force acting on the hydraulic ram 
due to the hydrogen pressure in the chamber. This eases the test setup and vessel operation as 
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well as ensures the ram is not forced out of the chamber in case of hydraulics failure, as is the 
case in the 450 bar facility. 
Hydrogen delivery and pressure control in the 1000 bar test facility is identical to the 450 bar 
chamber with the sole difference of greater capacity of the compression system and its pipework. 
• Data acquisition systems 
Test data and loading control system matches the arrangement of the 450 bar facility. 
• Coolant supply and flow control system 
The vessel is equipped with liquid nitrogen supply piping which is led through the vessel base 
(plug) into the pressure chamber using feed-through ports which can be plugged shut for testing 
at ambient or elevated temperatures. During a test at low temperatures a coolant supply pipe is 
connected to the ports allowing liquid nitrogen to be passed in close proximity to the test 
specimen. A copper heat exchanger block is placed on the coolant pipe and around the specimen 
to ensure efficient heat transfer and cooling down of the test specimen. 
A solenoid valve is installed on the nitrogen line allowing for the supply to be adjusted by 
temperature controlling equipment.  Nitrogen is supplied from a 200 L tank placed outside the 
testing laboratory. 
3.5.3 Hydrogen compression apparatus 
In order to obtain the desired pressure in the testing vessels, hydrogen from the supply pack is fed 
to pressurisation pumps supplied by Stansted Fluid Power shown in Figure 42. Hydraulic cylinders 
compress the gas in two stages, first converting hydraulic oil pressure to gas pressure with a 1:1 
ratio (hydraulic piston area is matched by gas piston area) and then providing high-pressure 
boosts using gas pistons of reduced area. The hydrogen pumps operate cyclically due to the small 
volume of compressed gas produced during each stroke. The vessels are usually able to achieve 
their full working pressures in less than 30 minutes.  
3.5.4 Direct current potential drop system 
Controlled fatigue crack growth tests require constant monitoring of the crack length propagating 
through the specimen. This is accomplished by passing a constant current through the specimen 
during the test and measuring the potential between two electrodes placed on each side of the 
notch on the top surface of the specimen. As the crack propagates, the cross sectional area of the 
specimen is reduced, increasing the specimen’s resistivity resulting in larger potential between 
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the test electrodes. An empirical model relating the measured voltage to the crack length has 
been developed in TWI and is successfully used for measuring the fatigue crack lengths. After the 
test, stopped at a target crack length, the specimen is broken open to allow measurement of final 
crack length, which is then used to correct any measurement errors. 
The live data from DCPD system can be used to control the stress intensity range during the test 
(if constant ∆K is required during crack growth) to adjust the loading parameters as well as 
conduct crack growth up to a desired depth (crack length). 
3.5.5 Experimental equipment maintenance and development 
During the experimental part of the EngD project substantial effort had to be put into 
maintenance and development of both testing facilities in line with the scheduled project 
activities.  These are unique bespoke testing facilities and conducting the high pressure fatigue 
test campaign has been non-trivial. 
Detailed discussion of completed activities is beyond the scope of the report however a short 
summary of selected activities has been listed below. 
• Improvements of DCPD system in 450 bar test facility 
Upon scheduled start of testing activities in the medium pressure test cell a substantial amount of 
signal noise was detected in the potential drop measuring system, preventing useful data being 
recorded during the test and causing frequent errors in the test software. Work completed 
included retracing of the measurement wires, improvements in wire and apparatus screening 
quality, ensuring no electrical shorting occurs in the system etc. Upon completion of these 
activities the measurement quality was improved sufficiently to enable completion of 3 off fatigue 
tests in the facility before the system was upgraded to the arrangement discussed earlier in the 
chapter. 
• Installation and commissioning of DCPD system in 1000 bar test facility 
The inherited setup of the 1000 bar facility did not allow for fatigue crack growth rate testing. The 
1000 bar vessel has been equipped with a potential drop measuring system to enable the 
scheduled tests to be completed. Work carried out included installation of the system and data 
acquisition wiring in the test cell, commissioning of wiring feed-through to withstand pressurised 
hydrogen conditions and commissioning testing. 
• Maintenance of hydrogen containment system in the 1000 bar vessel 
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During the testing programme in the 1000 bar vessel, the facility was shared between TWI 
activities and EngD project work. The vessel would operate at room and sub-ambient 
temperatures in cyclic and monotonic loading regimes. Long term sub-ambient testing and 
intensive utilisation resulted in increased wear of hydrogen seals placed in the vessel body, which 
were replaced when required and then re-commissioned with a seal test. An example of seal 
damage is presented in Figure 43. 
• Installation of external heating system on the 1000 bar vessel 
Local cooling of specimens (during both tensile and fatigue tests) results in substantial cooling of 
the whole vessel structure. A trace-heating system has been installed on the outside of the 
pressure chamber with the goal of maintaining the vessel temperature above 0°C. The system 
uses a thermocouple placed on the vessel wall and a heating coil, which is wound on the chamber 
providing heat input into the structure walls. 
• Maintenance of hydrogen pressurisation apparatus 
During the intensive testing period and prolonged hydrogen compressor operation the hydrogen 
sensing equipment indicated a possible leak and hydrogen ingestion into the hydraulic oil in the 
compressor. This was confirmed by using a portable hydrogen detection apparatus and led to a 
complete overhaul of gas compression cylinder being deemed necessary. Oil and gas side seals 
were found to suffer from damage due to friction and were replaced with a new set. 
• Installation and commissioning of fatigue testing apparatus in 1000 bar vessel 
Apparatus designed for fatigue crack growth rate testing at sub-ambient temperatures has been 
manufactured and was used to conduct the fatigue testing reported here at ambient 
temperatures. The design process is described in the Appendix A: Experimental equipment design. 
The loading arrangement can be used without the heat exchanger for ambient temperature 
testing and was installed and commissioned for testing with a trial test (Figure 44), with special 
attention to loading alignment and overall reliability and ease of setup. 
• Investigation of the influence of pressure balance chamber and load train design on 
loading waveform quality in high pressure vessel 
During the commissioning activities of the SENB loading assembly for the high-pressure vessel a 
sinusoidal waveform was used to match the loading regime during the actual test. The response 
of the system under pressure was observed to suffer from poor stability and possible ways to 
improve the waveform quality were identified and tested. 
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The load train consists of four components joined by threaded connections; hydraulic ram, load 
cell, thread adapter and loading ram. It was determined that the loading ram and adapter 
connection was operated with incomplete engagement of the thread resulting in its damage and 
backlash during loading. The ram thread was shortened to enable the undamaged part of the 
thread to engage into the adapter and was then locked with a locking-nut after preloading the 
load train in tension at 25 kN. 
The loading cycle is controlled by the Instron system with a PID controller (potential, integral, 
differential), which is a standard way of controlling systems using feedback. Each gain can be 
adjusted to modify the system reaction characteristics altering the control speed, damping and 
overshoot. The gains have been altered manually to pinpoint the correct setting, which would 
then be used during testing. Due to the seal design, the friction on the loading ram is dependent 
on the pressure in the vessel and thus the PID adjustments may need to be made separately for 
each selected testing pressure. 
Coupled with PID gain tuning, a substantial improvement in the waveform quality was achieved 
by introducing a slight vibration (dither) on the loading ram. The hydraulic valve system in the 
actuator can be vibrated at high frequencies (400 Hz) to release static friction on the seals 
allowing the effect of friction on the load cycle to be somewhat reduced. 
 
 

Results 
 
59 
 
Chapter 4: Results 
4.1 Microstructure and chemical composition 
The results of chemical composition investigation are presented in Table 6. The presented data 
highlights in particular the principal elements of interest (C, Si, Mn, Cr and Ni), which are specified 
in the material certification to ASM specified grades [29], as described in Table 7. 
The microstructures of 304L and 316L steels have been presented as composite images, consisting 
of sections in L, T and ST directions. They are presented in Figure 45 and Figure 46 for 304L and 
316L alloys respectively at a magnification of 200x.  
When comparing the chemical compositions of the studied material to the expected ASM 
standard it can be seen that alloying element content is often close to the minimum permitted 
level. This may have importance for the materials’ microstructure stability (controlled by its 
composition) and deformation behaviour and is considered further in analysis of the test results.  
Upon inspection of micrographs in Figure 45 and Figure 46, both microstructures appear 
austenitic with possible evidence of residual δ ferrite presence on the grain boundaries and at 
triple points. The observed microstructures are seen to also contain elongated features in the T 
and L directions and clear banding is seen on the L x ST plane in the L direction in both steels. The 
differential colouring in the form of these light and darker bands is thought to be caused by 
different etching levels due to macro segregation bands with varying alloying element contents. 
These features are believed to have been caused by hot rolling during the stainless steel plate 
production process. 
Such bands have been found to correspond to nickel content variation [78]. In order to confirm 
whether such variations are present in the materials studied, the 304L samples (which exhibit 
clear banding) and the 316L alloy samples, where the banding is less evident, were both studied 
by EDS. The SEM image of the studied area, together with the scan trace and detection points is 
presented in Figure 47 and Figure 48 for the 316L and 304L materials, respectively. 
During investigation of the Ni content along the selected line in the 316L alloy, substantial 
variations in Ni % content have been found as can be seen in Figure 49, even though the 
differential etching effect was less noticeable on the optical micrographs. Additionally, two of the 
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30 scan points (no. 10 and no. 25) have been located at the observed elongated bands in the L 
direction which show a much lower Ni% reading and at the same time increased %Cr content.  
The Ni and Cr contents seem to vary in an approximately inversely proportional manner, with 
higher Cr levels generally corresponding to lower Ni levels.  The %Ni content can be seen to vary 
periodically across the investigated points with the distance between minima to maxima 
corresponding to approximately 5 – 10 µm. This indicates that the elongated segregates are in 
fact Cr-oxides [78] or residual δ-ferrite [34]. The averaged Ni and Cr contents at the scanned 
points (neglecting the two occurrences of extreme values) are 10.08% and 17.36% corresponding 
well with the prior OES analysis result of nickel content and giving a slightly higher content of 
chromium (0.66% higher) than the OES analysis. This could reflect local variations due to scanning 
of Cr-rich areas. 
In the 304L alloy, the composition variation has been observed to be less severe. Figure 50 shows 
the line scan results which, apart from point 3 which coincided with a rolling segregate, show 
overall less compositional variation. The average Ni and Cr contents (neglecting the extreme 
values obtained at point 3.) are 7.49% and 19.09% thus 0.41% lower than the bulk averaged value 
for Ni and 1.01% higher than the bulk averaged value seen for Cr. Despite the apparent evidence 
of segregation visible via optical microscopy, the EDX did not show substantial composition 
variations. This could be due to: 
• Small number of measurement points (low linear resolution) unable to capture narrow 
segregation bands 
• Large measurement spot size (averaging through multiple segregation bands) due to large 
electron interaction volume with the sample [58] 
The measured grain sizes were ASTM 5.9 for the 304L material and ASTM 7.9 for the 316L 
material.  
4.2 Mechanical testing results 
In order to determine the mechanical properties of the studied materials (such as yield stress and 
ultimate tensile strength) and to assess the effect of hydrogen on ductility, an initial testing 
programme consisting of tensile tests in air and hydrogen was completed, as described in the 
Methodology chapter.  
The completed tests, with their respective 0.2% yield and UTS values have been summarized in 
Table 8, % elongation and reduction in area values have been listed in Table 9. Load-displacement 
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curves for the tested specimens have been presented in Figure 51. Macroscopic pictures of the 
samples tested in air are presented in Figure 56 and Figure 57 for 304L grade and Figure 58 and 
Figure 59 for 316L grade.  Content of magnetic phases in the tested tensile specimens has been 
summarised in Figure 85 to inform the discussion of the tensile tests results.  
The 316L alloy is seen to have a greater 0.2% yield strength and lower UTS than the 304L alloy 
with comparable elongation and slightly greater reduction in area. Both alloys show substantial 
reduction in area as can be seen in the macrographs and exhibited a typical ductile fracture 
behaviour whereby the central area of the sample (shown with red circles in Figure 56 and Figure 
58) experienced fracture due to micro-void coalescence encircled by typical shear fracture regions 
inclined at roughly 45˚. The 316L steel showed highly anisotropic fracture face behaviour with 
elongated features in the rolling plane seen in the centre region of the fracture surface. 
Load-displacement curves for each of the tested specimens have been presented in Figure 52 to 
Figure 55. The macrographs of the facture surfaces of specimens tested in hydrogen are depicted 
in Figure 60 and Figure 61 for 304L and 316L materials, frontal views of the fracture faces are not 
presented due to insufficient depth of field in the macroscopic photography to present the whole 
fracture face in focus. Fracture mechanism investigation was based on SEM study of the fracture 
surfaces and is presented in sequence from Figure 62 to Figure 70. 
Substantial loss of ductility was seen in all of the specimens tested in hydrogen, with a more 
substantial drop generally seen in 304L. An increase in hydrogen pressure is seen to produce an 
increasing loss of ductility in the materials studied at room temperature (25°C). Upon increasing 
the pressure from 500 to 1000 bar the reduction in area for 304L alloy reduced from 26% to 23% 
and for 316L alloy from 63% to 43% as presented in Table 9. Clearly, the 316L alloy has exhibited a 
more gradual change in ductility measures with increasing pressure.  
A significant change in fracture mechanisms is seen in samples tested in high-pressure hydrogen 
atmospheres compared to the tests in ambient conditions. Samples fractured in hydrogen often 
exhibit multiple failure modes with contributions from ductile and brittle appearing features 
caused by partial and non-uniform hydrogen penetration into the sample bulk.  
The example 304L steel fracture shown in Figure 65, shows substantial ductility loss (e.g. much 
reduced necking) and exhibits flat fracture surfaces with a mixture of cleavage-like facets, regions 
of corrugated appearance and some evidence of twin boundary fracture. An example of twin 
boundary splitting is also indicated in Figure 65. 
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As in the 304L steel, the 316L samples exhibit mixed fracture modes where brittle-like features 
are dispersed within generally ductile failure regions with areas of purely ductile behaviour. Figure 
66 shows examples of this in a 316L samples tested in 1000 and 500 bar hydrogen at room 
temperature. The bottom micrograph in Figure 66 shows numerous micro-voids, with areas of 
shear deformation of larger cracks, which could occur due to micro-void coalescence or segregate 
interface separation.  
During cold testing, both steels have experienced extensive ductility losses (in terms of %RA 
values) in agreement with data published in the literature [60] and revealed flat shear fractures 
with the failure occurring at 45˚ to loading axis. SEM micrographs of fracture surfaces at 500x 
magnification are shown in Figure 67 for 304L (top) and 316L steels (bottom) respectively. Areas 
of brittle fracture are readily visible on the 304L sample with twin boundary-fracture easily 
identifiable in 1000x magnification micrograph in Figure 68 [55]. 
The increase of test temperature to 50oC has slightly increased the reduction in area of samples of 
both materials in 500 bar hydrogen compared to lower temperature tests (25oC) at the same 
hydrogen pressure. The 304L steel fracture at elevated temperature was similar in appearance to 
fracture at room temperature, with some evidence of ductility (void formation around a particle 
can be seen in the centre of the micrograph in Figure 69). In the case of the 316L steel, areas of 
micro void formation (similar to ones seen in test at ambient conditions) were mixed with heavily 
deformed areas of elongated voids/secondary cracks (Figure 70).  
4.2.1 Sectioning of tensile tested specimens 
Metallographic sections of tensile tested specimens are presented in Figure 71 and Figure 72 for 
304L and 316L steels, respectively. The detailed microscopic examination of each of the 
specimens, supported by the location of each picture on the section, is depicted in the Appendix 
B: Metallographic sectioning of tensile specimens while the investigation of cracking on gauge 
surfaces and fracture faces is presented in Figure 73 to Figure 82. 
In the 304L steel many primary cracks on the gauge sections can be seen. The cracks vary in length 
reaching up to 500 μm with longer cracks more abundant on one side of the specimen only. 
Perpendicularly propagating cracks are seen to seldom follow the direction of maximum shear 
stress, a purely radial direction is favoured in the majority of cases with slight deviations occurring 
where a segregation band fracture occurs as shown in Figure 75. Secondary cracks on the 
specimens’ fracture faces are seen to directly follow the segregation bands and ferrite stringers in 
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the microstructure. In the case of the cold-tested 304L steel specimen some, although limited, 
primary cracks are present on the gauge section. 
The 316L steel specimens were less affected by the hydrogen environment and the primary cracks 
did not propagate as deep as in 304L steel. Formation of the secondary cracks, however, was seen 
to be enhanced by hydrogen in this steel. The 316L steel investigated here is characterised by 
more segregation as shown by the EDS study and this is clearly seen on the metallographic 
sections of the specimens and demonstrated on the 316L fracture surfaces. The severe 
segregation results in a sheet-like material appearance and has introduced a delamination-like 
fracture appearance.  
All the 316L steel samples exhibited significant secondary cracking aligned with these 
microstructural features, which in some cases produced crack branching events. An example of 
crack branching is presented in Figure 82. 
4.3 Fatigue testing results 
A.1.1 Background 
This section summarizes the fatigue test results of 304L and 316L steels in hydrogen atmospheres 
at various pressures and temperatures. The fatigue crack growth rate tests are reviewed first and 
are followed by analysis of frequency and pressure scanning tests. SEM fractography is presented 
for each test type, following the crack growth rate data analysis.  
The obtained fatigue test data, following the analysis process described in the Appendix C: Fatigue 
testing data analysis, are presented in the form of logarithmic da/dN vs. ∆K plots, separately 
plotted for each studied steel. Figure 86 and  
Figure 87 summarize the test data for 304L and 316L steels, respectively, while Figure 88 
compares the data for both materials to allow direct comparison of the performance of each 
alloy. The presented data is used to elucidate the effects of hydrogen pressure and test 
temperature on hydrogen assisted fatigue in these materials, as well as to highlight some 
potential testing artefacts that need to be considered in evaluation of these properties which 
have been highlighted by aspects of the scanning test data, presented in section 4.4. 
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4.3.1 304L steel 
The effects of pressurized hydrogen atmospheres on increasing fatigue crack growth rates are 
readily noticeable in 304L steel. This alloy is more affected by the presence of hydrogen in all 
tested conditions when compared to 316L as shown in Figure 88. The sensitivity to different 
pressure levels was, however, less than that observed in 316L as relative differences in crack 
growth rates in 304L between different hydrogen pressures and test temperatures were small, 
compared to the overall difference observed between tests in hydrogen and ambient 
atmospheres. Such behaviour may indicate a saturation effect; with only small effects being 
observed between different testing conditions in hydrogen, whilst the increase in crack growth 
rates on comparison with a hydrogen environment was marked. 
Testing in 450 bar pressure hydrogen at room temperature resulted in a fatigue crack growth 
acceleration factor of 4.87 (compared to da/dN in air at ∆K=20 MPa√m) compared to 10.43 at 
800 bar. The acceleration appeared constant throughout the investigated ∆K range. A threshold-
like behaviour was noted at low ∆K values in 450 and 800 bar hydrogen, indicating a transient 
regime where hydrogen effects are gradually developing during the test to reach steady state 
embrittlement. Such effects were seen consistently in both steels tested in various hydrogen 
atmospheres, clearly indicating the time dependence of establishing initial hydrogen interaction 
with crack growth rates.  
Hydrogen effects were not observed to decrease even at the highest investigated ∆K levels, 
despite significant crack growth rates at these high stress intensity levels. This, coupled with the 
expected low diffusivity of hydrogen in austenite directed post-test analysis towards investigation 
of material state at the crack tip.  
The increase of test temperature to 50°C (at 450 bar) resulted in a partial reduction in crack 
growth acceleration in hydrogen compared to the room temperature test and this difference was 
confined to the low ∆K regime. The differences in crack growth rates disappeared at a ∆K of 
20 MPa√m and after that the crack growth rates were consistent at room temperature and 50°C 
at 450 bar hydrogen. Similarly, a reduction in test temperature to -50°C at 450 bar did not yield 
significant increases in crack propagation rates in fatigue. Tensile testing results of 304L steel at 
450 bar hydrogen yielded severe ductility losses at -50°C, while fatigue crack growth rates were 
merely increased by a maximum acceleration factor of 2 at a ∆K of 18 MPa√m, compared to the 
room temperature test at the same hydrogen pressure. At lower and higher ∆K the crack growth 
rates in 450 bar hydrogen did not differ significantly from the room temperature test. 
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4.3.2 316L steel 
When compared to 304L steel, the 316L alloy showed less severe acceleration of fatigue crack 
growth rates in all tested conditions. Additionally, the 316L steel was apparently more sensitive to 
hydrogen as changes in test environments (i.e. differing pressures and test temperatures) resulted 
in noticeable differences in crack growth acceleration. Contrary to 304L, no apparent saturation 
effects were seen in this alloy. 
When tested in 450 bar hydrogen at room temperature, a crack growth acceleration of 1.9 was 
observed (compared to 4.87 in 304L steel), showing a significant, albeit reduced effect of 
hydrogen in this steel. Increase of test pressure to 800 bar resulted in 1.84x increase in 
acceleration from the 450 bar resulting in a crack growth acceleration factor of 3.5 at ∆K of 
20 MPa√m. Crack growth acceleration factors, both absolute (normalized by ambient data) and 
relative (ratio of crack growth rates under different hydrogen pressures) show that this alloy was 
highly sensitive to varying testing conditions. 
Varying test temperature has also yielded clearer differences in the fatigue performance of 316L 
steel in hydrogen. An increase in fatigue crack growth rates was observed when tested in 450 bar 
hydrogen at 50°C. Despite the expected reduction in embrittlement severity, cf. slight ductility 
recovery observed during a tensile test at 50°C, a crack growth acceleration factor nearing 2 was 
observed throughout the investigated ∆K range below 20 MPa√m.  At that point the crack growth 
rates started to converge and equalized near ∆K of 25 MPa√m when the room temperature test 
was terminated.  
Upon testing in 450 bar hydrogen at -50°C significant crack growth acceleration was observed 
throughout the whole investigated ∆K range, compared to the room temperature test. An 
acceleration factor of 8.6 at ∆K of 20 MPa√m was noted, the highest observed in this alloy. The 
effect of reduced test temperature was greater than that of increased pressure in this alloy, while 
304L showed similar crack growth rates at these conditions. This significant effect of test 
temperature on hydrogen assisted fatigue in 316L steel, directed further analysis towards the 
possible effects of martensitic transformation on fatigue fracture in this alloy in a hydrogen 
atmosphere. 
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4.3.3 FCGR testing results summary 
Fatigue crack growth rate testing of 304L and 316L steels in pressurized hydrogen clearly 
indicated the trends in variables controlling hydrogen enhanced fatigue in these materials. Both 
alloys were adversely affected by hydrogen atmospheres with the severity of crack growth 
acceleration proportional to the test pressure at room temperature. The differential sensitivity to 
hydrogen of the two steels was noted as 304L showed overall greater crack growth acceleration in 
all test conditions than for 316L.  Crack growth rate data comparison for 304L indicated a 
tendency to hydrogen effect saturation due to a narrow grouping of all obtained test data into a 
band with a maximum to minimum crack growth ratios nearing a factor of 2 throughout the 
majority of investigated ∆K range. 
In both steels, the effect of increased test temperature did not follow the trends seen in the 
tensile test results. While some ductility recovery was noted in the 50°C tensile tests for both 
steels, the fatigue crack growth rates were higher when compared to room temperature. Both 
steels exhibited convergence of the growth rate curves at room temperature and 50°C in 450 bar 
hydrogen, which merged near ∆K of 20 and 25 MPa√m for 304L and 316L, respectively.  
4.4 Pressure scanning 
4.4.1 Summary of the test data 
The effects of hydrogen gas pressure levels at room temperature on fatigue crack growth rates of 
the candidate steels were further investigated using constant ∆K scanning tests. Both steels were 
tested at hydrogen pressures of 200, 300, 400, 450, 500, 700, 800 and 1000 bar at a ∆K of 
25 MPa√m.  
4.4.2 304L steel 
The pressure scanning test data for 304L steel are collected in Table 10. The increase in ∆K 
between each of the growth steps, as noted in Table 10, was assessed using the methods 
presented earlier, in the Methodology chapter, returning the corrected acceleration factor 
calculated at ∆K of 25 MPa√m. The growth acceleration factor variation with test pressure is 
presented in Figure 89. 
Despite the observed increase in fatigue crack growth rates at each pressure, cf. Table 10, the 
data normalization (allowing for drift in applied ∆K) revealed that this increase was not an effect 
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of the increasing hydrogen pressure. Nearly constant crack growth acceleration factors were 
calculated at each of the tested pressures which did not confirm the trends observed in fatigue 
crack growth rate tests, discussed earlier. These results indicated the importance of the effects of 
the prior test history on the end result and provide an important input into test standardization 
strategies for austenitic steels.  
To provide informed discussion of the test results it is thus important to review the testing 
pressurization time data, which has been presented in Table 13. The large variability of times 
between the consecutive test steps is a result of the control system operation algorithm. Pressure 
measurements are compared with the pressure setting at a constant time interval (5 to 10 
minutes, depending on the setting) and pressurization will be enabled only when the check point 
is reached and the demand for pressure increase is sensed. 
Each of the discrete crack growth steps was carried out at relatively high ∆K after a period of 
specimen hold in increasing pressure between the test steps. While the effect of such exposure in 
case of a full fatigue crack growth test revealed a threshold-like transient period, the effects 
during a scanning test could have had an opposite effect. The previously introduced concept of 
hydrogen effect saturation in 304L steel was clearly observed in the scanning test. Inspection of 
pressure scanning data, overlaid on data gathered during earlier presented fatigue tests of 304L 
steel shows this effect and is presented in Figure 90. The data in the raw form i.e. average ∆K and 
da/dN values from Table 10, are presented in the plot. 
The data, at all tested pressures, is seen to lie close to the 800 bar FCGR curve obtained at room 
temperature. A specimen hold in pressurized hydrogen between the consecutive growth steps 
could have caused this. The negligible variation in crack growth acceleration between the scan 
steps indicates that the established condition at the crack tip was maintained throughout the 
growth increment and did not significantly change between the test steps and even the highest 
investigated pressure did not yield an increase in crack growth rate.  
4.4.3 316L steel 
In 316L steel, effects similar to the earlier presented data of 304L, were observed. The test data 
are summarized in Table 11 and Table 12 for tests ‘A’ and ‘B’, respectively and Figure 91 illustrates 
the observed trends. Duplicate pressure scanning tests were performed in order to try and 
understand a significant increase in crack growth acceleration between two, relatively low 
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pressure, steps at the beginning of the test ‘A’ as seen in Figure 91.  The test pressurization time 
data is presented in Table 14 and Table 15 for test ‘A’ and ‘B’, respectively. 
While a 9-minute hold time in hydrogen pressure, increasing from 200 to 300 bar, between the 
first two steps in test ‘A’ resulted in severe acceleration in crack growth rates, the second hold 
period of 40 minutes did not present such extensive acceleration. Such observation implies, that 
similar to 304L, the 316L steel has possibly reached saturation point after a certain time. 
Additionally, perhaps the advancing crack was not able to grow out of the saturated zone which, 
once formed could be actively refilled by hydrogen adsorption at the crack tip. Some, although 
small, reduction in crack growth acceleration was noted between the test stages after the 500 bar 
step. 
The first four steps of test ‘B’ showed negligible acceleration, similar to the first step of test ‘A’, as 
can be seen in Figure 91. The vessel was then vented after the 450 bar step completion and 
specimen was held in nitrogen atmosphere overnight. Testing was recommenced at 500 bar, 
following approximately a 30-minute pressurization time, to complete the planned test sequence. 
The crack growth rates were, again, seen to accelerate in 316L steel, similarly to test ‘A’ and the 
lower crack growth regime was not recovered. Decrease of crack growth acceleration factor with 
increasing pressure was noted, similarly to observations made during test ‘A’. 
Comparison of pressure scanning data with FCGR testing data of 316L steel at room temperature 
is presented in Figure 92. In both tests the fatigue crack growth rates were not affected by 
hydrogen prior to hold.  The pauses between consecutive test steps in test ‘B’ did not affect the 
crack growth rates in this test before the longer periods of vessel venting and pressurizing. 
Hydrogen adsorption rates at the crack tips appear insufficient to result in embrittlement in these 
test steps. In test ‘A’, however, a 9-minute hold introduced crack growth acceleration and, when 
followed by another long hold of 40 minutes, resulted in the H-effect saturation. Similarly, in test 
‘B’, the crack growth rate data were confined to the higher regime after test recommencement at 
500 bar. Low pressure data in test ‘A’ (300 and 400 bar) were seen to lie close to 800 bar fatigue 
crack growth rate curve. 
During the tests, instead of gradual development of hydrogen effects in the form of transients or 
steady increases in crack growth acceleration factors, sharp rises in acceleration were noted. 
Under the tested conditions it is possible that a critical time exists for hydrogen effect activation, 
which enables embrittlement to take place. Hydrogen adsorption and redistribution at the crack 
tip may be required to infiltrate the crack process zone (of certain, critical, size) before any 
acceleration effects are seen, resulting in the observed time dependences. Hydrogen diffusion 
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speed, crack tip stress state and local microstructure will influence this ‘activation’ time. This is 
assessed in the Discussion chapter to clarify the observed effects and dependences.  
4.4.4 Summary 
While the pressure scanning tests of these alloys did not return the expected data in the form of a 
clear dependence of crack growth acceleration on pressure, unexpected but important results 
were gathered during this investigation. A hypothesis of a possible hydrogen effect saturation has 
been reinforced by the 304L test data and the dualistic behaviour of the 316L steel specimens. 
Test history effects were seen to have great effect on the end result in both alloys, reflecting the 
time dependence of hydrogen embrittlement effects. An indication of ‘activation time’ was seen 
in 316L steels and reflects the great intricacy of mechanisms of hydrogen assisted fatigue.  These 
key elements are considered further in the Discussion chapter. 
4.5 Frequency scanning 
The effects of varying cycle frequency have been explored in candidate alloys in 450 bar hydrogen 
at room temperature. Depending on the material, loading at frequencies of 1, 0.1 and 0.01 Hz or 
1, 0.5, 0.1, 0.05 and 0. 01 Hz was applied to 304L and 316L steels, respectively. The investigated 
frequencies were first applied at low ∆K of 15 MPa√m, starting from 1 Hz. High ∆K (25 MPa√m) 
followed the completion of all frequency steps and the testing sequence was repeated.  The 
obtained data are summarized in Figure 93. 
In both materials, the effects of varying test frequencies between 0.01 and 1 Hz were not 
significant. At low stress intensity range, 304L steel did not exhibit sensitivity to the loading 
frequency while the high ∆K did show a slight increase in crack growth rate acceleration with 
reducing test frequency. 316L exhibited a small increase in fatigue crack acceleration at low ∆K 
while the data at high ∆K showed an unclear trend, the frequency of 0.01 Hz in the high ∆K 
regime was not investigated due to load control issues in the servo hydraulic machine at this 
frequency. 
Completion of frequency scanning at two ∆K levels in both alloys, allowed the construction of 
possible crack growth curves at various frequencies. Such data representation helps in discussion 
of the results as the obtained data are now directly compared to fatigue crack growth rate data in 
hydrogen, rather than in ambient conditions. Different Paris exponent of the air data curves may 
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introduce slight difficulties with results assessment based solely on ambient conditions results, 
especially in 304L steel where significant differences between the air and hydrogen curve slopes 
were noted. 
Two data points at each frequency constrain the linear crack growth rate curve (on the log-log 
plot) which can be compared with FCGR data, presented earlier. The data for 304L steel is 
presented in Figure 94, while Figure 95 shows this comparison for 316L steel. Frequencies of 1, 
0.1 and 0.01 Hz were used in constructing the plot for 304L steel and 1, 0.1 and 0.05 Hz 
represented the 316L data. 
While the low ∆K regime in 304L steel shows little agreement with FCGR data at 450 bar, the fit 
seems to improve in the high ∆K regime. Additionally, low ∆K data are seen to be in agreement 
with the 800 bar test results indicating possible material scatter effects or, similarly to the 
pressure scanning, significant test history effect. At high ∆K, frequency invariance is still visible, 
however the results seem to follow the earlier obtained data more closely. With no hold times 
between each growth step and a very short period of hold between ∆K switch to the high regime 
it is possible that the crack has grown out of the saturated process zone.  
Similarly to the 304L, the data from the low ∆K frequency scan in 316L showed little agreement 
with fatigue crack growth rates in 450 bar hydrogen at room temperature and the fit was 
improved at higher ∆K. Low ∆K steps returned much accelerated crack growth rates, possibly 
resembling the effects seen in the higher crack growth rate regime during the pressure scanning 
tests. Here, however, recovery to lower acceleration (compared to hydrogen fatigue test data) 
occurred at high ∆K. 
4.5.1 Summary 
The frequency scanning tests of the candidate steels revealed little effect of load cycle time on the 
fatigue crack growth rates in the investigated range. This, coupled with observations made during 
pressure scanning tests, indicates that fatigue crack growth acceleration may only occur at 
frequencies lower than 0.01 Hz. Load dwells during the pressure scanning tests, however, 
occurred at minimum load, indicating the need to use a trapezoidal waveform in frequency 
scanning to match/replicate these observations. The frequency effects in sinusoidal loading may 
differ due to different loading rates as well as the lack of a discrete dwell time due to the 
continuously varying load, which may affect the dislocation dynamics in the plastic zone ahead of 
the crack tip. This is considered further in the Discussion chapter. 
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4.6 Fatigue testing fractography 
4.6.1 Background  
SEM fractography of fatigue tested specimens of candidate steels has been completed at three 
different ∆K levels of 15, 20 and 25 MPa√m. Overviews of fracture surfaces of the specimens 
were taken at a magnification of 500x and presented in sequence from Figure 96 to Figure 105. 
This allows for discussion of the effects of hydrogen on general fracture surface appearance, and 
a detailed investigation was carried out at high magnifications, concentrating on regions and 
features of interest which are introduced in this section and explored further in the Discussion 
chapter. 
4.6.2 Ambient conditions 
Air tested specimens of both steels demonstrate macroscopically flat surfaces with no evidence of 
intergranular cracking. The fracture surface exhibits ductile failure features throughout the whole 
∆K range investigated during the tests. It is noticeable that the fatigue fracture surface roughness 
seemed to increase with increased ∆K in both materials as shown in Figure 96 and Figure 97 
respectively for 304L and 316L steels.  
In 304L (Figure 96), flat facets are noticeable throughout the whole investigated ∆K range, 
appearing to be somewhat finer towards the high ∆K regime. No evidence of composition 
segregation effects on the fatigue fracture was observed in this steel in ambient conditions. Some 
alignment of features present on the fracture face is noted, especially at low ∆K level, directing 
the later discussion towards consideration of deformation characteristics of this alloy.  
Similarly to 304L steel, the fracture surface of 316L, shown in Figure 97, is decorated with flat 
facets, present throughout the investigated ∆K ranges and smaller in size, consistent with the 
smaller grain size of 316L, compared to 304L. In this alloy the observed features are not 
characterised by any noticeable alignment (as seen in 304L steel) rather an irregular, ductile, 
appearance is observed. Despite clear interaction between segregation and fracture observed in 
tensile test at ambient condition, such interaction was not obvious in the fatigue failure modes. 
Secondary cracking, however, is noted on the fracture surface and is abundant especially at high 
∆K regime, aligned normally to the crack growth direction.  
Results 
 
73 
 
4.6.3 Effects of hydrogen pressure at room temperature 
Upon inspection of the fracture faces of steels tested in 450 bar hydrogen seen in Figure 98 and 
Figure 99 for 304L and 316L steels, respectively, a slight change in the fracture morphology is 
visible. In 304L at ∆K of 15 MPa√m the fracture mode was seen to become more brittle like, with 
the appearance of well-defined, sharp, ridges in the investigated regions. At higher ∆K levels, the 
fracture surface appears similar to the air tested specimens, although the observed features are 
somewhat finer. The alignment of features visible in the micrographs is now retained throughout 
the whole investigated ∆K regime. This fracture mode also contains flat fracture regions, 
characteristic of hydrogen fracture, termed quasi-cleavage. 
In 316L (Figure 99), the fracture mode remained generally similar to ambient conditions, although 
the features present on the fracture surface appeared coarser. Testing in hydrogen introduced 
two noticeable features in this steel, in the form of secondary cracks and flat ‘streaks’ aligned 
parallel to the crack growth direction. Such secondary cracking was also observed in tensile tests 
and points to δ-ferrite segregates and their interaction with hydrogen affected fracture, analysed 
in more detail in the Discussion chapter. Flat areas are also present in this steel, as seen in 304L, 
although their abundance is smaller and is seen to reduce with increasing ∆K. 
Some changes in fracture face morphologies of both tested materials were observed when the 
testing pressure was increased to 800 bar, shown in Figure 100 and Figure 101. Magnification and 
ΔK levels of the studied areas are consistent with earlier presented micrographs. Even though the 
fatigue crack propagation rates were substantially increased at high pressure, the fracture face 
morphology did not change significantly in these qualitative overviews.  
304L alloy (Figure 100) is characterised, again, by regions of quasi-cleavage where the fracture 
face appears flat but exhibits some, although, limited deformation. These regions, however, 
appear less frequently than in the 450 bar tested specimen. Parallel features possibly indicating 
martensite lath interface fracture are again abundant but somewhat coarser than at 450 bar, 
especially at a ΔK of 20 MPa√m. Such features were not readily noticeable at the highest 
investigated ΔK in this specimen. Similarly to previously described specimens of 304L steel, the 
roughness of the fracture surface increased with increasing ΔK. 
Upon inspection of the fractography of the 316L specimen, shown in Figure 101, only a small 
difference between fracture face appearance at different hydrogen pressures is noted. At low 
stress intensity range, the amount of flat, cleavage like, areas appear to be less than in the 
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450 bar tested specimen. Regions of possible δ-ferrite stringer fracture are easily visible, similarly 
to observations in the lower pressure test, however their presence is not obvious at higher ΔK. In 
turn, secondary cracks running parallel to the crack growth direction are now present on the 
fracture surface.  
4.6.4 Effects of temperature in 450 bar hydrogen 
At increased (50°C) or sub-ambient (-50°C) temperatures, both alloys exhibited some changes in 
fracture surface morphology as seen in Figure 102 to Figure 105.  
304L steel, tested in 450 bar hydrogen at 50°C, showed clear changes in fracture surface 
appearance compared to tests in hydrogen at ambient conditions. SEM fractography, presented in 
Figure 102, reveals abundant regions of flat, cleavage-like regions coupled with previously noted 
sharp ridges. At higher ΔK the fracture surface appears similar to the room temperature test in 
450 bar hydrogen with slightly more flat facets observed in the 50°C test at moderate ΔK. Images 
taken at the highest investigated ΔK level show a much more ductile character with no indication 
of facets or cleavage like areas in the investigated region. Even though the fracture character 
appears more ductile at this ΔK, compared to room temperature, it should be noted that the crack 
growth rates were identical at this point. 
Despite a noticeable increase in fatigue crack growth rates in the elevated temperature test in 
450 bar hydrogen in 316L steel, the fracture surface morphology (Figure 103) does not exhibit 
significant differences compared to the test at room temperature in 450 bar hydrogen. Formation 
of secondary cracks was seen to be less frequent in this specimen. Previously described δ-ferrite 
streaks are no longer easily visible on the observed areas. The flat, cleavage like, areas and facets 
seen in abundance at room temperature are no longer present in great numbers.  
Testing at -50°C has markedly affected the fracture surface of the investigated steels at low ΔK 
levels, despite significant differences being seen in the effect of testing temperature on fatigue 
crack growth rates in these alloys. While the fatigue crack growth rate in 304L was not 
significantly affected by low temperature as discussed in section 4.3, the fracture surface is seen 
to contain high number of flat, cleavage like areas, seen in Figure 104, as well as some areas 
containing aligned ridges indicating a possible fracture through martensitic regions. Flat facets are 
present throughout the investigated ΔK range, however their number appears to reduce with 
increasing ΔK, as also seen in tests at other conditions. 
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The 316L steel fracture, depicted in Figure 105, despite a significant effect of reduced test 
temperature on fatigue crack growth acceleration throughout the whole investigated ΔK range, 
did not display striking differences in fracture surface character.   Fracture processes appear 
generally more brittle at low ΔK, compared to the room temperature test, and secondary cracks 
are again observed. Increasing ΔK levels result in a slightly more ductile fracture with features no 
longer characterised by sharp edges. Secondary cracking is evident at all investigated ΔK levels. 
Similarly to the elevated temperature test, evidence of δ-ferrite stringer fracture was not 
noticeable in the overview micrographs. 
4.6.5 Pressure scanning 
Fractography of 304L steel specimen subject to pressure scanning test, shown in Figure 106, was 
completed at three selected hydrogen pressure steps 200, 450 and 800 bar. Fracture surface 
morphology consistent with earlier presented micrographs of tests completed in 450 and 800 bar 
was noted. Due to suspected saturation in this test and matching fracture phenomena, more 
detailed investigation was not presented. 
Fractographic investigation of 316L steel specimens tested at various pressures has been 
completed at selected pressure steps. Points corresponding to the 'low' and 'high' crack growth 
rate regimes were selected, according to the testing data described earlier in this chapter. This 
resulted in three pressure levels under investigation in test 'A': 200, 300, 450 bar (Figure 107) and 
two pressures in test 'B': 450 and 500 bar (Figure 108). This approach allowed investigation of the 
differences in fracture face morphology in low and high crack growth rate regimes in a single 
specimen.  
Additionally, the 450 bar pressure step was selected for investigation in both specimens to allow 
for comparison of fracture surfaces which corresponded to different crack growth rate regimes in 
the two tested specimens. While in test 'A', the 450 bar hydrogen pressure step was already in the 
high crack growth regime, while test 'B' did not exhibit the transition until 500 bar pressure was 
reached, thus the micrographs show the fracture mode in 450 bar hydrogen pressure prior to, and 
after, the transition point in 316L steel. Fractographic investigation of the selected points was 
carried out consistently with the previous figures (Figure 96 and later). 
SEM micrographs of specimen ‘A’ are presented in Figure 107 while micrographs at corresponding 
crack growth rate regimes in specimen ‘B’ are shown in Figure 108. The fracture surface of 
specimen ‘A’ tested at 200 bar displays ductile fracture, as seen in the 316L specimen tested in 
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ambient conditions in Figure 97. Despite testing in a high-pressure hydrogen environment, the 
crack growth rate (c.f. Figure 91) and fracture mode match the ambient condition test. An 
increase in test pressure to 300 bar, together with a hold period of 9 minutes as described in 
Table 14 resulted in a transition of crack growth rate and corresponding change in fracture 
behaviour as shown in Figure 107. The fracture surface after the transition matches the 
observations made on the 316L specimen tested in 450 bar hydrogen, as shown in Figure 99. 
Sharp ridges and numerous secondary cracks, parallel to the crack growth direction, are now 
observed together with a few flat facets. A further pressure increase to 450 bar after a 40-minute 
hold did not result in significant increase in crack growth rates, and the resultant fracture mode 
resembled the observations made on specimens tested in 450 bar hydrogen. 
Specimen ‘B’ showed similar transitions, although the crack growth regime transition was 
observed after completing the 450 bar pressure step. The fracture observed in hydrogen at 
450 bar, shown in Figure 108, resembled the fracture in the air tested specimen shown in Figure 
97. The fracture mode is ductile with a degree of secondary cracking, often within coarse striation 
regions. Flat facets are also observed on the fracture surface and are characterised by a similar 
appearance to fracture features in ambient conditions. The transition in specimen ‘B’ observed 
upon testing in 500 bar hydrogen (after a dwell period described in Table 15) resulted in 
pronounced changes in fracture surface morphology, consistent with the observations of test ‘A’. 
The fracture surface contains features characteristic of hydrogen affected failure, described 
earlier in this section. Numerous areas of δ-ferrite stringer fracture are observed in contrast to the 
450 bar test at matching stress intensity level (∆K=25 MPa√m) where far fewer were observed, as 
seen in Figure 99, but this should be interpreted with care as it may also reflect a local variation in 
microstructure. 
Fractographic investigation of both specimens at areas corresponding to 450 bar pressure showed 
that the observed transition to high crack growth rate regimes corresponded to enhanced 
evidence of hydrogen effects on fracture processes, rather than simply being due to different test 
pressures. These effects (which have been linked to hold time effects) were further explored in 
the Discussion chapter. 
4.6.6 Frequency scanning 
SEM fractography of the specimens tested at various frequencies in 450 bar hydrogen at room 
temperature has been completed at lowest and highest investigated frequency in both 
investigated ∆K levels. Micrographs at ∆K of 15 MPa√m are presented in Figure 109 and Figure 
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111 for 304L and 316L steels respectively. High ∆K regime fractography (25 MPa√m) is presented 
in Figure 110 for 304L and in Figure 112 for 316L steel. Both steels showed limited effects of 
loading frequency on fatigue crack growth acceleration in the investigated range (c.f. Figure 94, 
Figure 95) and no significant differences in fracture face character were noted. 
Fracture behaviour in 304L steel was similar at both ∆K levels at 1 and 0.01 Hz as shown in Figure 
109 and Figure 110. Even though the crack growth rates at low ∆K differed between 1 and 0.01 
Hz, although normalised to a consistent acceleration factor value, no differences in fracture face 
appearance were noted at this stress intensity. In high ∆K range, crack growth rates were nearly 
identical and this was reflected in, again, similar fracture face appearance as seen in Figure 110. 
Similar observations were made upon investigation of fracture in 316L steel. Crack growth 
acceleration factors were consistent throughout the investigated frequency and ∆K range, as seen 
in 304L, and resulted in similar appearance of fracture surfaces.  
The acquired crack growth data and fractographic observations clearly showed limited effect of 
loading frequency in the investigated range. The effects of hold time, seen in pressure scanning 
tests, were not replicated here by reduction in loading frequency.  The results were further 
investigated in the Discussion chapter.  
4.7 Investigation of phase transformations near the fatigue crack with 
EBSD  
To further investigate the mechanisms of hydrogen enhanced fatigue of candidate steels, EBSD 
investigation of fatigue crack tip areas has been completed. Metallographic sections of the 
specimens have been prepared according to techniques described in the Methodology chapter. 
Imaging of fatigue crack tips was carried out at magnification of 500x with the crack tip placed 
centrally within the micrograph. Microstructural phase identification was of primary interest 
during investigation, however, band contrast images are also shown to provide information about 
slip characteristics in the vicinity of the crack tip. In all presented phase maps BCC martensite is 
presented with red coloured areas, while black points indicate unresolved pattern areas. Figure 
113 shows the imaging result for 304L steel tested in ambient conditions. A significant amount of 
martensitic transformation is noted near the fatigue crack tip with transformation reaching up to 
25 µm from the fracture surface. Interestingly, martensitic transformation ahead of the crack tip 
was not observed in the specimen, however it is important to note that this is only a local 
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observation on a 2D section. Band contrast revealed slip concentration along a limited number of 
bands, along which α’ formation was observed. In 316L steel, shown in Figure 114, the overall 
amount of transformation was significantly lower than in 304L steel. Slip in this steel appears 
more dispersed, although discrete deformation bands are still seen in the proximity of the crack. 
Testing of the two steels in hydrogen atmospheres introduced substantial changes into the 
amount of martensitic transformation near the crack front. Both steels displayed a significant 
reduction in the amount of transformation, nearing complete suppression when tested in 800 bar 
at room temperature. Figure 115 and Figure 117 show the EBSD maps of fatigue crack tips of 304L 
steel tested in 450 and 800 bar hydrogen at room temperature, while Figure 116 and Figure 118 
show the results for 316L steel.  The fatigue cracks in 304L terminated at a ΔK of 28 MPa√m in 
450 bar and 43 MPa√m in 800 bar. 316L fatigue tests were stopped at 28 MPa√m in 450 bar and 
48 MPa√m in 800 bar.  
Grain orientation information, collected during EBSD investigation is presented in Figure 123, 
Figure 124 and Figure 125 which present a pair of orientation maps for each test condition; air, 
450 bar and 800 bar hydrogen, all at room temperature. Extensive deformation and martensitic 
transformation in specimens tested in ambient conditions, shown in Figure 123 and the earlier 
presented maps, makes it difficult to investigate the crack path interaction with grain or twin 
boundaries, γ-α’ interfaces etc. in ambient conditions. Upon inspection of orientation maps of 
specimens tested in 450 bar (Figure 124) and 800 bar hydrogen (Figure 125) almost fully 
transgranular crack character is noted in both alloys tested in 450 bar. Specimens tested in high 
pressure hydrogen reveal some crack path deflection into grain and twin boundaries, however it 
is possible that this may be only a local effect due to microstructure variations. Both transgranular 
and intergranular secondary cracks were observed in the 316L specimen tested in 800 bar, and 
are presented in Figure 125.  
Phase contrast maps and their corresponding band contrast maps of crack tips in specimens 
tested at elevated temperature (450 bar, 50°C) were presented in Figure 111 and Figure 112 for 
304L and 316L steels, respectively. At elevated temperature a further reduction in martensite 
content on the crack path was noted in 304L, compared to ambient temperature 450 bar test. The 
slip characteristics remained planar, as evidenced by the band contrast map which also revealed a 
greater deformation zone (where slip band activity could be resolved on the map) than in room 
temperature, due to higher final ∆K of this test. Interestingly, strain induced martensite evolution 
embryos on a thermal twin boundary was observed in this scan, revealing one of its creation 
sources in austenitic stainless steels, agreeing with the literature [10]. Grain orientation map of 
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304L steel, presented in Figure 126, revealed crack propagation through twin boundaries 
confirming their potential weakening by hydrogen. 
Crack tip in 316L specimen tested at elevated temperature, shown in Figure 120, was seen to 
contain small amounts of martensite near the crack surface, similarly to the room temperature 
test. It needs to be noted, however, that this test was also terminated at higher final ∆K than the 
test at room temperature. Significant crack branching was observed in this specimen, similarly to 
800 bar test. Grain orientation map, shown in Figure 126, shown some indications of fracture path 
following twin and grain boundaries, however these did not appear as preferential paths of crack 
propagation in the investigated area. 
In addition to phase and orientation mapping of areas surrounding the fatigue crack tips, large 
area mapping has also been attempted as a part of the investigation. Despite the great challenges 
in acquisition of diffraction data over large areas of the specimens, two maps were successfully 
constructed and inform the discussion of the fatigue testing results. The investigation 
concentrated on phase transformation extent along the advancing fatigue crack, completed in an 
attempt to relate the local extent of transformation to the stress intensity level, in the FCGR test, 
or as a function of pressure level, during a pressure scanning test.  
Figure 128 shows the longitudinal scan obtained along the fatigue crack in 304L steel specimen 
tested in ambient conditions. Colour coding is consistent with previously presented phase maps 
with red indicating BCC martensite and black indicating points where the Kikuchi pattern could 
not be collected or solved. The complete scan is split into three segments for ease of 
presentation. 
The extent of martensitic transformation is seen to increase with increasing crack length, 
translating into increasing stress intensity factor during the test. Transformation is seen to occur 
both at the crack surface as well as in the specimen bulk, away from the crack tip. Often, bands of 
transformation are noted, running perpendicular to the crack direction and occurring periodically. 
At high ∆K levels (above 25 MPa√m) noticeable thickening of the martensite film along the crack 
edge (fracture surface) is noted together with high amounts of transformation observed away 
from the crack path. 
In the case of the pressure scanning test ‘A’ of 316L steel, shown in Figure 129, limited amounts of 
martensitic transformation are noted in proximity of the crack. Transformation at the crack 
surface is only observed during the 200 bar pressure step and a small (<30%) part of the 300 bar 
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step. It is noted that this significant suppression of martensitic transformation (upon increase of 
test pressure from 200 to 300 bar) coincided with the transition of crack growth rate to the higher 
regime (c.f. Figure 92). Nearly complete suppression of transformation is noted after completion 
of the 300 bar pressure growth step, with very few occurrences of BCC martensite noted after this 
step. The amount of transformation away from the crack path is seen to be consistently low 
throughout the whole crack length in this measurement.  
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Chapter 5: Discussion 
5.1 Chemical composition and microstructure 
Both stainless steels were found to be primarily austenitic with some evidence of residual δ-ferrite 
present in their microstructure with an indication of a thin martensitic layer presence near the 
plate edges. The amount of ferrite in the 304L alloy is expected to be higher than in 316L due to 
the higher %Cr content, which promotes ferrite retention during solidification [29]. As can be seen 
on the micrographs in Figure 45 and Figure 46, the abundance of longitudinal bands (along the L 
direction) appears to be higher in 316L than 304L. During measurement, however, the content of 
magnetic phases in both steels was seen to be equal at 1.5%, possibly due to ferrite band width 
(in the T direction) being greater in 304L. 
The microstructural segregation of the materials, noticeable as banding along the L direction, 
appears to be a result of the materials’ manufacturing process. Upon the material’s solidification 
from the melt, alloying segregation is expected in the centre section of the product (both during 
ingot and continuous solidification processes), which is subsequently redistributed into bands 
during the hot rolling processes. The resultant microstructure consists of equiaxed grains, the 
result of dynamic recrystallization occurring immediately after hot rolling [79], although 
segregation of oxides and banding due to differential etching is still evident, consistent with the 
observations of Martin [78].  
The segregation bands were seen to correspond with nickel content variation in both steels, 
consistent with results reported in the literature [78]. Such segregation, coupled with the ferrite 
stringers seen in the micrographs, may yield non isotropic mechanical properties of the materials. 
Evidence of this was shown by the layered fracture face behaviour of 316L tensile specimens and 
evolution of secondary cracks in the tensile tested materials as described earlier. Anisotropic 
deformation of the 316L tensile specimen was also observed and is depicted in Figure 83. The 
mechanisms of segregation influence on secondary cracking are discussed later in this chapter.  
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5.2 Mechanical testing 
5.2.1 Short term mechanical properties in air 
316L steel was seen to achieve a higher yield strength than the 304L (Table 8). This can be 
attributed to the additional alloying with molybdenum, which has a strong hardening influence on 
austenite [29]. The UTS of 304L is however greater than for 316L which is considered to be due to 
strain-induced martensite evolution and twinning occurring during the continuing plastic 
deformation, which are thought to be caused by lower austenite stability and lower stacking fault 
energy, respectively, when compared to 316L. The lower % reduction in area of the 304L grade is 
considered to have been caused by strain-induced martensite, which increases the UTS at the cost 
of reduced material ductility [29]. 
The anisotropic behaviour of the 316L steel specimen, demonstrated by banding on the fracture 
face, was caused by non-uniform deformation [34]. Strain induced martensite formation in lean-
Ni bands or δ-ferrite banding can cause localized hardening of the microstructure and contribute 
to the resultant fracture face appearance [46]. The possibility of differential stress-strain response 
between the austenite and ferrite network needs to be noted and may also have an effect on 
fracture mechanisms in hydrogen atmospheres. Even though the composition variations and the 
observed resultant fracture inhomogeneity have not noticeably deteriorated the 316L ductility in 
air, compared to 304L steel, it may have a significant influence on material performance during 
testing in hydrogen.  
In the case of the 304L alloy, the fracture surface does not exhibit the clearly anisotropic 
behaviour of 316L alloy, possibly due to its lower alloying element content and less apparent 
stringer formation. Due to its lower overall alloying content, the austenite in 304L steel is less 
stable with respect to martensite transformation upon straining. During the tensile test, as the 
strain increases, the advancing martensite transformation may occur uniformly in the material 
beginning in less alloyed regions, which are shortly followed by the higher Ni segregated areas. As 
a result, a uniform fracture surface is observed due to the more even martensite distribution in 
this material. In the 316L alloy the higher Ni content bands may remain untransformed until 
higher strains are reached (or remain austenitic throughout the whole test duration) and thus the 
deformation would accumulate at untransformed-γ-α’ interfaces, resulting in anisotropic, layered, 
fracture [46]. 
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5.2.1.1 Martensitic transformation during tensile testing 
Investigation of the formation of strain-induced martensite has been carried out to inform the 
analysis of the tensile tests. The results are presented in Figure 85, the average FN (ferrite 
number) of the untested material was 1.5 for both steels, representing the sum of residual ferrite 
and martensite present in the materials. The presented data are in form of FN due to difficulty in 
conversion of FN to % of ferrite, as noted in [80].  
As expected, all of the specimens exhibited transformation to martensite upon straining at 
ambient and sub-ambient temperatures with the highest martensite levels occurring in tests in 
ambient conditions (where the highest elongation is observed) and at low temperature (cooling 
affecting the ease of martensite formation). 316L steel displayed increased martensite levels on 
the fracture face rather than in the bulk in all cases apart from the cold test. Due to necking, the 
strain concentration in the neck region resulted in an increased amount of microstructure 
transformation, a strong effect of temperature was clearly seen as well with the cold test showing 
the highest observed magnetic phases content in this material. In the case of 304L steel, such a 
trend was less obvious as room temperature tests showed high martensite contents in the 
material bulk as well as near the fracture face. This may be explained by the low stability of the 
304L steel and low %RA reached in ambient temperature tests. During tensile testing, at low 
strain levels, the strain induced martensite evolution would occur uniformly in the gauge section, 
producing a uniform distribution of martensite. Localised deformation in the necking region 
would further increase martensite content, as observed in the air test. In hydrogen tested 
specimens, however, necking was no longer significant (low %RA) and coupled with the 
occurrence of surface cracking only localised straining could occur, no longer producing increased 
martensite levels near the fracture surface. Tests in air and in hydrogen at elevated and reduced 
temperatures followed the expected trend, where straining at reduced temperatures resulted in 
significant increase in transformation extent and elevated temperature caused smaller martensite 
content formation. 
5.2.2 Short term mechanical properties in pressurised hydrogen atmosphere 
While the investigation of the tensile properties in an ambient air environment has shown the 
highly ductile behaviour of the 304L and 316L steels, testing in a high pressure hydrogen 
environment is seen to cause brittle fracture coupled with extensive secondary cracking at the 
surfaces of the tensile specimens in both materials. 
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A wide range of published experimental data exists on tensile testing of austenitic steels in 
hydrogen ([5], [8], [60] and others). Commonly, the analysis of hydrogen influence on 
performance of austenitic steels concentrates mostly on the ductility measures, typically on 
reduction in area, while % elongation receives less attention. The %RA is seen to be a more 
sensitive measure to characterise the hydrogen influence on ductility of a given material. When 
considering the yield and ultimate tensile strength values in Table 8, the influence of 1000 and 
500 bar hydrogen testing atmospheres at room temperature on the yield strength in both alloys is 
seen to be minimal. This agrees with published data [60], and possibly reflects the limited time for 
hydrogen to enter the sample bulk during testing and to affect overall bulk yield behaviour. It 
should be noted that a small (<10%) scatter in experimental results may be expected between 
different testing machines or due to sample to sample variations as noted by Michler [60]. 
Similarly to the yield strength, the UTS of the austenitic stainless steels is not usually reported to 
be affected by hydrogen, or only small effects on UTS are noted [81] as seen in the current data.  
The analysis here first concentrates on surface damage readily visible on samples tested in 
hydrogen and then assesses the influence of hydrogen gas pressure and test temperature on the 
apparent ductility of the materials studied. 
5.2.2.1 Primary and secondary cracking 
The surfaces of the tensile samples tested in hydrogen atmospheres are seen to suffer from 
severe damage in the form of primary cracking aligned parallel to the circumferential direction of 
the gage section in all cases. Large primary crack openings coincide with significant sample 
elongation upon fracture, especially for the tests carried out in the “hot” 500 bar hydrogen 
atmosphere at 50°C. The cold tests at -50°C are characterised by the most severe ductility losses 
(cf. Table 9) and still demonstrate the presence of these surface cracks, despite very low % 
elongation levels in the test data. Such observations imply that the cracks have formed at low 
strains, possibly close to the yield point and then propagated further during sample straining. 
The large number and characteristic orientation of the cracks indicate that machining processes, 
causing strain induced martensite on the surface, have caused this cracking. During specimen 
machining by turning, a thin strain induced martensite layer is formed due to the high stresses 
exerted by the cutting tool on the material surface; Martin [6] reported that the material can be 
transformed to a depth of 50 µm. 
Substantial variation in the primary crack length distribution was noted in Figure 74 together with 
a higher population of long cracks on one side of the sectioned specimen only. The unequal crack 
distribution may have been caused by vibration during manufacturing caused by imbalance of the 
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work-holding system resulting in more tool-pressure being exerted on one side of the tested 
specimen only.  
During testing in hydrogen atmosphere, if the brittle surface oxide layer is fractured upon 
straining, martensite provides a fast diffusion path into the sample surface and subsurface 
hydrogen can accumulate at martensite-austenite boundaries near the surface due to the great 
difference in hydrogen diffusion rates in martensite and austenite (the diffusion speed of 
hydrogen in BCC phases is reported to be up to 5 orders of magnitude larger than in FCC phases 
[46]). During sample elongation, more strain induced martensite evolution is possible in the 
sample and on the sample surface this can further increase hydrogen transport into the lattice. 
During deformation, the absorbed hydrogen transported by martensite, which accumulates at ϒ-
α’ boundaries will influence the local dislocation activity in the area and cause crack initiation near 
the surface due to HELP mechanisms. Hydrogen accumulated at the interfaces can cause 
increased dislocation activity and higher dislocation pileup density, which can in turn initiate 
micro-crack initiation near the sample surface. Upon further straining these propagate into the 
specimen and hydrogen can facilitate the fracture mechanisms during further crack opening. This 
will lead to final fracture when one crack is favourably oriented with respect to the microstructure 
in the specimen (low angle boundaries, lean Ni segregation bands). 
Similar mechanisms can operate during the propagation of primary cracks into the specimen bulk 
along its longitudinal direction. Areas of high strain induced martensite accumulation due to 
rolling segregation, coupled with the δ-ferrite stringer network, can act as hydrogen sources for 
the advancing crack. Elevated stresses near the crack tip attract hydrogen leading to its local 
embrittlement, which in turn could produce a 2nd generation of ‘primary’ cracks propagating 
again in the radial direction. Such a complex crack arrangement was observed in both materials 
and examples are presented in Figure 73 and Figure 81 for 304L and 316L steels, respectively. 
Observation of primary and secondary cracks in the tested specimens and their specific 
orientation confirmed that specimen preparation technique (machining) and rolling induced 
segregation are significant factors affecting the materials’ performance in hydrogen. This may 
indicate that the results of tensile testing are of limited use in providing absolute measures of 
materials ductility via %RA and %EL. Due to significant expected differences between different 
heats of the same alloy and various production and heat treatment techniques across different 
suppliers, the resultant materials could vary significantly in performance in high pressure 
hydrogen. Such an observation was confirmed by Michler in [46] where specimens manufactured 
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from plate and  bar of the same steel grade were seen to greatly differ in ductility performance in 
pressurised hydrogen.  
In order to discuss the surface phenomena in the tested specimens in more detail, the next 
subsection concentrates on discussion of metallographic sections of the tested materials. 
5.2.2.2 Sectioning of tensile tested specimens 
The formerly stated hypothesis of early initiation of the surface cracking (in terms of elongation) 
could be reinforced as a large number of short cracks (less than 10 μm) were observed on the 
surface of the 304L steel specimen even though the elongation upon fracture was only 9%. The 
low temperature of the test, however, could have also introduced a greater amount of martensite 
transformation in the specimen (due to low stability of investigated materials against 
transformation) and thus it is not possible to determine the crack initiation time unambiguously 
without further (interrupted) testing. 
The higher stability of the 316L microstructure would reduce the amount of martensitic 
transformation on the specimen surface and the Ni-rich segregation bands could hinder the 
propagation of cracks as seen in Figure 84. Observations of Martin [78] and Michler [46] agree 
with this hypothesis.  
Even though the transverse cracking was not as severe as in 304L steel, this material has exhibited 
longitudinal splitting along the rolling direction. This could influence the reliability of 
measurement of %RA given the complex nature of the “area” being measured. The amount of 
measurable necking of the specimens could be reduced by the primary cracks due to specimen 
fracture face division into a number of discrete fracture regions with individual necking 
characteristics (Figure 80 and Figure 81). 
A possible mechanism of fracture via simultaneous primary crack propagation and material 
delamination leading to final fracture is shown in Figure 80. A growing primary crack acting as an 
entry point for hydrogen is seen to cause delamination in the material, which increases the 
effective area for hydrogen adsorption. Due to segregation bands and ferrite stringers present in 
the microstructure, hydrogen will be transported through the BCC network into the specimen 
efficiently and the crack propagating through hydrogen-enriched region will no longer be 
hindered by Ni-rich segregation bands. 
5.2.2.3 Effects of pressure 
Both materials have suffered greater ductility losses with increasing hydrogen pressure with a 
more proportional variation seen in 316L steel as presented in Table 9. This may imply that 
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hydrogen effects have saturated in the 304L sample at the lower pressure while in case of 316L 
alloy the pressure increase has significantly increased the amount of hydrogen diffusing into the 
sample bulk.  
Due to the lower austenite stability of 304L material it is expected to experience more strain 
induced martensite evolution during straining, the 316L alloy with a higher Ni alloying content will 
not exhibit such a transformation at room temperature until higher strains are reached. 
Consequently, as the expected abundant martensite in the 304L alloy increases the hydrogen 
transport in the sample at lower strains; increasing hydrogen pressure may only slightly 
deteriorate the sample ductility as the available surface adsorbed hydrogen can already penetrate 
into the sample quite easily. 
5.2.2.4 Effects of temperature 
Due to the low austenite stability of 304L steel, a considerable amount of strain induced 
martensite evolution during the cold test was expected and measured, which would increase the 
speed of hydrogen transport into the sample bulk. In the case of the slightly more stable 316L 
alloy (higher Ni addition), the ductility also deteriorated. Lean Ni alloyed segregate bands could, 
similarly to the 304L steel, increase the diffusive hydrogen transport into the sample and lead to 
failure due to hydrogen accumulation at the bands boundaries. During hot testing a slight 
increase in reduction of area of samples of both materials was noted (c.f. Table 9). In this case, the 
reduced amount of embrittlement could be related to a reduced amount of strain induced 
martensite formation during straining, which could allow the achievement of larger strains than at 
room temperature. 
In order to provide better understanding of hydrogen influence on material behaviour during 
testing in various environmental conditions, an investigation of the fracture modes is presented in 
the next subsection.  
5.2.3 Fracture mechanisms investigation  
Characteristic banding was seen as the main difference in the macroscopic fracture face 
appearance of the tested materials. As observed in testing in ambient atmosphere, a uniform and 
early strain induced martensite transformation can be expected, that would not cause the Ni 
content segregation to be demonstrated on the fracture face. On the contrary, such features are 
clearly demonstrated on the fractured faces of 316L alloy tested under the same conditions 
(Figure 61a) and b)). Macro-segregation of the alloying elements appears to be influencing the 
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sample behaviour. During straining, low Ni alloyed regions will transform to martensite earlier 
than the high Ni ones, providing an easy path for hydrogen transport into the material bulk. The 
hydrogen accumulation at the γ-α’ interfaces can lead to crack initiation in the material bulk 
which can then propagate further leading to final fracture. Despite higher segregation severity in 
the 316L alloy samples c.f. 304L, the material will be transformed only partially upon straining and 
thus regions of brittle fracture may be expected to be interlayered with ductile fracture features 
with the macroscopic appearance of the layered fracture face as seen in Figure 61. 
5.2.3.1 Ambient conditions 
The marked differences in the fracture face appearance between the 304L and 316L steels tested 
in air were determined to be the result of microstructural inhomogeneity. During the test, the 
material showed a substantial amount of ductility (RA of 74% and 75% elongation respectively), 
showing that the observed banding does not compromise the material’s ductile performance 
under ambient conditions. The secondary cracks can be attributed to material delamination 
caused by segregates in the microstructure, or preferential martensite formation as discussed 
earlier. A micrograph of 316L material presented in Figure 63 shows a large number of segregates 
aligned in the T direction reaching up to 100 µm in length. The segregation bands appear 
responsible for a large amount of delamination despite being shorter than the cracks in the SEM 
overview. Long secondary cracks on the fracture surface can be a result of merging of shorter 
delamination splits (for example due to ferrite film fracture along ferrite-austenite boundary). A 
schematic summarising such a crack evolution mechanism is presented in Figure 64. Secondary 
crack analysis, consistent with the proposed mechanism, was also presented by Michler in [46]. 
5.2.3.2 High pressure hydrogen effects 
When tested in hydrogen, both steels were characterised by significantly different fracture face 
appearances compared to air tests. Multiple failure modes in both steels were identified in 
section 4.2 with more detailed discussion of the failure mechanisms presented below. 
The SEM micrographs of the 304L steel fracture in Figure 65 show the narrow corrugation ridges 
which are often attributed to hydrogen activity in proximity to strain induced martensite (which is 
expected to form in 304L steel during straining due to its low Ni content and the resulting poor 
austenite stability) [82]. Numerous flat features of facet-like appearance are also present on the 
fracture surface. This failure mode, termed ‘quasi cleavage’, is often associated with hydrogen 
embrittlement of austenitic steels [60], where deformation localized in a limited number of slip 
planes may give rise to crack opening at slip band intersections and the resultant propagating 
crack is not expected to be fully brittle as hydrogen enhances a very localized ductile behaviour. 
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Additionally, the fracture face is decorated with regions of so-called ‘elongated-voids’, which are 
attributed to hydrogen accumulation at lattice or secondary particle interfaces that can enhance 
void nucleation [5], especially in cases of localized deformation due to planar slip (characteristic of 
low SFE austenitic steels). In the case of twin boundary fracture, micro-cracks can initiate at the 
intersections of deformation bands with the twin boundary. An example of twin boundary 
splitting was presented in Figure 65.  
In the case of 316L steel tested at elevated temperature the fracture face appears to be 
characterised by elongated voids, similar to 304L steel tested at room temperature. In this case 
segregate delamination could cause such a fracture face appearance, however as hydrogen is 
seen to also facilitate the creation of elongated voids, this possibility should also be considered. 
Cleavage-like facets on the fracture faces are somewhat difficult to explain as cleavage is not 
usually seen in hydrogen assisted fracture of austenite [55], these could be linked fracture of 
strain induced martensite or slip band interface separation [46] however, there is limited 
literature describing such features.  
The fracture of 316L steel during the cold test, contrary to the 304L steel, did not show any 
noticeable increase in brittle-flat features, interestingly, regions of ductile failure similar to those 
presented in Figure 66 (bottom) were still present on the fracture surface. Clearly, the reduced 
temperature would be expected to cause a greater amount of strain induced martensite 
formation during straining, meaning that hydrogen could be transported into the sample bulk 
faster thus increasing the hydrogen effect on the deformation of the sample. The result of such 
events would be a mixture of fracture due to faster hydrogen penetration of the sample (with the 
same mechanisms as at room temperature) and fracture of strain induced martensite-austenite 
boundaries due to its early creation during the test (low strain). 
5.3 Effects of hydrogen in fatigue of candidate steels 
5.3.1 Introduction 
Experimental data gathered during the fatigue testing programme allowed comparison of the 
effects of high-pressure hydrogen in the two studied steels. In this section the numerical and 
fractographic data are discussed in detail, in an attempt to give insight into the mechanisms of 
hydrogen affected fatigue crack growth acceleration and relate them to the baseline material 
properties. First the differences between the two alloys are discussed and further sub sections 
Discussion 
90 
concentrate on the effects of selected environmental variables, temperature and pressure, on 
hydrogen enhanced fatigue.  
5.3.2 Ambient conditions 
In ambient conditions both steels showed generally consistent crack growth rates across the two 
baseline duplicate tests in the ∆K range investigated, as can be seen in Figure 88. With some 
scatter noted in 304L steel at moderate ∆K values between 15 and 20 MPa√m (c.f. Figure 86), a 
possibility of specimen to specimen variation needs to be noted, although the crack growth rates 
at low and high ∆K were in good agreement. The two, baseline, crack growth rate curves of 316L 
steel in air, shown in  
Figure 87, were similar throughout the investigated ∆K range, with only a slight deviation noted at 
∆K of 13 MPa√m. Direct comparison of fatigue crack growth rate curves of the two steels showed 
noticeable differences in the Paris slopes under ambient conditions. 304L steel curves were seen 
to be significantly steeper than 316L. Growth rate curves intersected at a ∆K of 18 MPa√m, below 
which, 316L is seen to be characterised by faster crack propagation than 304L. 
The observed differences in fatigue crack propagation rates between 304L and 316L can be 
related to their respective microstructural stability. Differing microstructural stability to strain 
induced martensitic transformation was observed during tensile tests, discussed earlier, as 
evidenced by FN measurements of tensile tested specimens of 316L and 304L. Such a difference is 
to be expected on consideration of their differing alloying element levels, presented in Table 6.  
Evidence of extensive strain induced martensitic transformation in 304L steel was observed in the 
EBSD scan along the fatigue crack path, which supports this hypothesis, and could be responsible 
for retardation of fatigue crack growth. Such a retardation effect was observed in similar studies 
[83] where the 304L alloy was seen to present much reduced crack growth rates, compared to a 
stable 304LN alloy at -196°C, while the crack growth rates were identical at room temperature. 
Phase transformation at the crack tip, resulting in modification of the stress field due to volume 
expansion, coupled with crack path deflection and increased flow stress were identified as 
primary mechanisms contributing to reduction in crack growth rates in the less stable steel. 
Importantly, the beneficial effects of transformation were seen to reduce with increasing ∆K [83]. 
The transformation at the crack tip in 304L steel discussed here was seen to be concentrated in 
close proximity to the crack (up to 25 µm from the fracture surface). The thickness of the 
transformed layer increased with increasing crack length (and correspondingly increasing ∆K). The 
gradually more brittle character of the fracture surface was noted (c.f. Figure 96) with the fracture 
surface at ∆K of 20 and 25 MPa√m containing increasing number of flat, cleavage like features, 
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presumably due to fracture through brittle martensite regions, appearing in greater abundance 
(and producing greater fracture surface coverage) with increasing ∆K. An example of such an area 
is shown in Figure 130. At ∆K levels above 18 MPa√m, the crack growth rate in 304L was greater 
than in 316L (by a factor of 2.7 at a ∆K of 27 MPa√m) agreeing with previous findings [83].  
At low ∆K another characteristic feature of failure in 304L steel was noted in SEM fractography 
and is presented in Figure 131 where a characteristic alignment of features in ductile fatigue 
fracture areas is readily noticeable. These ordered ridges present on the fracture surface indicate 
the underlying deformation mechanisms in 304L steel and help to identify the origins of strain 
induced martensitic transformation in this, and similar, alloys. Due to the low SFE in the low Ni 
alloyed 304L steel studied here, its deformation results in creation of large stacking faults on (111) 
planes, which collect into discrete shear bands. BCC α’ martensite is then formed at their 
intersection points, which act as α’ nucleation sites [27]. The bands, containing a high density of 
faults, are seen to facilitate fracture initiation and result in this ordered fracture appearance at 
low ∆K levels either directly or through development of martensite in the faulted region. Direct 
interaction between shear bands and failure initiation is readily identifiable on cracked annealing 
twin boundaries [84], which are seen in Figure 132. An example of twin boundary splitting was 
presented in Figure 133, and shows localised cleaving in specific orientations within the grain. This 
fracture mechanism may be strongly affected by hydrogen, as suggested by studies cited in the 
literature review, even though a planar slip condition has been found to be beneficial for crack 
growth resistance of austenitic steels in ambient conditions [72], [85].  
Inspection of the fracture surface of 316L steel produced in ambient conditions (shown in Figure 
97) did not reveal the same features as seen in 304L alloy. Due to the higher expected SFE of this 
material, planar slip conditions may no longer be promoted and a more diffuse slip condition 
(supported by mechanical twinning [20], [86]) is expected. This also relates closely to expected 
microstructural stability as more diffuse slip may result in fewer nucleation sites for martensitic 
transformation to commence [21].  
Facets were also observed in 316L steel, as can be seen in Figure 134, with a higher magnification 
image presented in Figure 135.  Fracture is seen to progress uniformly with no characteristic 
directionality unlike the localised fracture initiation features seen in 304L.  Very fine striations are 
seen on the facet and formed the predominant mechanism of crack advance along the boundary. 
Small areas of deflected fracture on the facets were noted, and are indicated by arrows in 
Figure 9, but these did not show the characteristic coordination seen on the twin facets in 304L 
steel.  
Discussion 
92 
EBSD investigation of the fatigue crack tips in 304L steel, (Figure 113) and 316L (Figure 114) 
showed significantly smaller amounts of strain induced martensite surrounding the crack tip in 
316L compared to 304L- in line with expectations about the relative stability of the two alloys to 
strain induced martensitic transformation. Content of martensite in the investigated area 
amounted to 1.6% (surface coverage), compared to 7.7% for 304L scan, the tests were terminated 
at ΔK levels of 33 and 32 MPa√m for 316L and 304L steels, respectively. The measured martensite 
coverage fractions were used in the chapter to act as baseline figures for expected transformation 
levels in ambient conditions.  
5.3.3 Summary 
Martensitic transformation was seen to significantly affect fatigue crack growth rates and the 
fracture morphology of the two steels at ambient conditions. Its interaction with fracture during 
monotonic loading in a hydrogen environment has been analysed in previous sections and here 
further discussion will attempt to relate martensite formation with possible mechanisms of HEE in 
the materials of interest. Understanding the effects of hydrogen on fatigue fracture in metastable 
austenitic steels needs to be informed by a review of the effects of martensite on crack growth in 
ambient conditions. While the potential beneficial effects through local volume expansion 
reducing K at the crack tip and an increase in strain hardening coefficient, have been identified in 
ambient environment, it is expected that there will be an adverse effect when the martensite 
formed is exposed to hydrogen. This may result in overall deterioration of fatigue performance, as 
discussed in previous literature and the results from the tensile tests discussed earlier [73]. 
In addition to microstructural changes at the crack tip, the two steels displayed differing slip 
characteristics in ambient conditions. While the effects of planar slip were identifiable in the 304L 
steel in fracture initiation and propagation features, such observations were not made in 316L at 
ambient conditions. The different deformation modes (slip conditions and α’ martensite 
formation) in the studied steels may contribute to their differing susceptibility to hydrogen 
enhanced crack growth due to varying severity of stress localisation and thus susceptibility to the 
HELP mechanism, if this is the dominant mode of hydrogen damage in these steels. 
5.3.4 Effects of hydrogen atmosphere 
Testing in pressurised hydrogen atmospheres at various temperatures resulted in significant 
changes in fatigue crack growth rates in both steels. As seen in the results of the tensile tests, 
304L steel was more affected than 316L under all the investigated conditions (c.f. Figure 88). The 
similarity in performance in most hydrogen environments for 304L suggests a possible saturated 
behaviour in terms of the fatigue crack acceleration observed. While testing at room temperature 
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introduced only slight changes in fracture face morphology in both steels, testing at -50°C and 
50°C did result in noticeable changes in fracture mode, especially in 304L steel. The following 
sections concentrate on discussion of FCGR testing results obtained at room temperature in 450 
bar ( Section 5.3.4.1) and 800 bar hydrogen (Section 5.3.4.2) and then on an elucidation of the 
effects of temperature on fatigue crack growth mechanisms in 450 bar hydrogen (5.3.6). 
5.3.4.1 Hydrogen effects at room temperature (450 bar) 
5.3.4.1.1 Summary of the test data 
Testing in a high-pressure hydrogen atmosphere has a clear acceleration effect on fatigue crack 
propagation rates in these steels, as shown in Figure 88. Crack growth acceleration at 450 bar 
pressure was generally constant in both materials beyond a clearly marked transient behaviour 
period at beginning of the test in the lower pressure tests, when it is deduced that the effects of 
hydrogen on fatigue crack propagation were establishing around the advancing crack tip due to 
time dependence of hydrogen adsorption at the crack tip and its diffusion in the process zone. 
Despite the clearly observed increases in fatigue crack growth rates in both steels, investigation of 
the fracture surfaces did not reveal striking differences in fracture appearance in 450 bar 
hydrogen at 25°C, especially in the 316L which showed much less crack growth acceleration by 
hydrogen at this testing condition.  
5.3.4.1.2 304L steel (450 bar hydrogen at 25°C) 
Inspection of the SEM fractography of 304L steel tested in 450 bar hydrogen at room 
temperature, shown in Figure 98, reveals a slight change in the character of features present on 
the fracture surface by comparison with Figure 96 and Figure 130. The characteristic alignment 
noted in the ambient conditions test at low ΔK has been retained in hydrogen, however the sub-
micron scale fracture behaviour has changed in hydrogen. Now, the microscale appearance of 
fracture is characterised by a sharper feature edge appearance with numerous cleavage like areas 
present on the fracture surface. Interestingly, these cleavage-like features are noticeable at the 
micro scale only (1-5 µm) as can be seen in Figure 136, explaining the only slight changes in 
overall appearance of fracture at the mesoscale (10-50 µm), Figure 98.  Contrary to the air test, 
the feature ordering has been retained through all the ΔK levels investigated, indicating that 
hydrogen can facilitate crack propagation along intense slip bands as well as α’-γ and α’-α’ 
boundaries, as these features are expected to originate from the limited number of activated slip 
systems. It is important to note that intergranular (γ-γ) fracture was rarely observed in the 
investigated steels, occasional features resembling such fracture were noted but do not appear to 
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contribute significantly to hydrogen induced acceleration of fatigue fracture in this steel under the 
investigated conditions.  
The morphology of the cleavage like areas of fatigue fracture is seen to differ between ambient 
testing conditions and the hydrogen tests. In the air tests, martensitic quasi cleavage was a 
frequently occurring failure mode at high ΔK levels (as seen in Figure 96). Its microscopic 
appearance was generally featureless with a limited number of ridges present on the cleavage 
areas and no apparent orientation alignment, characteristic of martensite in austenitic stainless 
steel (as indicated in Figure 84). Despite the expected susceptibility of the martensitic phase to 
hydrogen, the crack growth rates were not seen to accelerate with increasing ΔK in hydrogen 
(Paris slope remained constant), a tendency for reduction in the Paris curve slope was noted 
instead. By comparison, cleavage areas created during fracture in a hydrogen environment 
contained a dense distribution of very fine (sub-micron) features, Figure 137, suggesting that 
cracking due to early initiation (at any suitable stress concentration) occurred preferentially to 
plastic deformation. It is not clear which phase fractured in this manner, however the fine size of 
such structures may indicate that these are areas of brittle fracture through α’ laths. 
As the characteristic alignment is still evident on the fracture surface it can be postulated that 
planar slip ahead of the crack tip activated a number of slip planes, some of which were 
susceptible to hydrogen enhanced cracking. Fracture along the slip bands then resulted in the 
coarse, sharp, appearance of ridges present on the fracture surface, as marked in Figure 138. 
Material between the fractured slip bands failed by a mixture of quasi cleavage, striation and twin 
fracture modes as shown in micrographs in Figure 136, Figure 139 and Figure 140, although the 
two latter mechanisms did not occupy significant areas of the studied surfaces. It is difficult to 
establish whether the fracture propagated in the austenitic or martensitic phase without 
investigation of the microstructure directly beneath the fracture feature. 
EBSD mapping was carried out at fatigue crack tips in hydrogen tested specimens to aid 
identification of the fracture process origin and provide information about mechanisms of 
fracture in these materials. The EBSD investigation was carried out on an undeformed crack 
section (extracted by non-intrusive EDM process, prior to breaking the remainder of the specimen 
open). The results need to be treated with caution as the observations are necessarily only one 
localised observation ahead of the crack tip. It is tempting to draw conclusions about the origins 
of particular features observed on the fracture faces by observation of the underlying 
microstructure along the crack path, however this should be approached with caution as it is 
reported that misleading conclusions may be drawn from such investigations [2] due to unloading 
of the microstructure at the crack surface after the crack front advance. The EBSD analysis has 
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thus concentrated on examining the deformation behaviour at the crack tip and its possible 
relation to deformation characteristics as well as phase distributions in the process zone.  
An EBSD scan of a fatigue crack tip of 304L steel tested in 450 bar hydrogen at room temperature 
is presented in Figure 115. This shows a substantial reduction in the amount of strain induced 
martensitic transformation at the crack tip, compared to the air tested specimen shown in Figure 
113 accompanied by confinement of deformation to a narrow band (of the order of 10 µm) along 
the crack path, easily identifiable on the contrast map in Figure 117. Coverage of martensite was 
measured at 1.2% in this test with terminal ΔK of 28 MPa√m and da/dN of 3x10-3 mm/cycle 
compared to 7.7% coverage in ambient air at 32 MPa√m and da/dN of 4x10-4 mm/cycle. 
Deformation concentration is not to be confused with slip localisation here as it relates to overall 
size of the deformed zone ahead and in proximity of the crack tip, rather than concentration of 
dislocation activity on a selected number of active slip planes. Both terms are used frequently 
during the discussion of these testing results.  
This significant change in material behaviour indicates that hydrogen enables early fracture at 
suitably oriented planes prior to development of highly deformed (abundant in defects) slip 
bands. The low amount of martensite coverage on the fracture surface in the 450 bar test of the 
low stability 304L alloy, compared to its ambient condition test, also indicates that slip activity to 
cause significant transformation was not reached prior to crack extension. Martensite embryos, 
forming at intersection points of slip bands and mechanical twin bands, did not form in the 
amounts seen in the ambient test, thus reducing the observed extent of the deformed 
(transformed) zone. Hydrogen was seen to facilitate crack propagation before substantial α’ 
transformation could take place. A similar mechanism has been identified by Chen [73]. 
Additionally, martensitic transformation was observed to occur away from the crack tip (c.f. 
Figure 117), as also observed in the ambient condition test, although to a lesser extent. Even 
though the strain accumulated in the vicinity of the advancing crack was smaller than in ambient 
condition test (α’ transformation extent is treated here as an indicative measure), grains in the 
plastic zone did still exhibit some transformation. Early (faster) crack extension, as explained 
above, can be expected to reduce the transformation amount away from the crack tip, compared 
to the baseline ambient conditions, by limiting the range of the developed slip band network and 
thus reducing the number of embryos for α’ formation away from the crack tip. 
So far, the discussed phenomena have not been considered explicitly in terms of time 
dependency. Hydrogen transport and the effects of phase distribution on diffusion ahead of the 
crack tip are discussed in more detail in the examination of frequency and temperature effects on 
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the behaviour of these materials, presented later in this chapter. At this point, it needs to be 
noted, however, that a very limited penetration of hydrogen ahead of the crack tip is expected to 
occur in the austenite phase. Hydrogen can be estimated to reach up to tens of nanometres per 
cycle at 1 Hz using diffusion distance estimates and data from [1]. The diffusing hydrogen may 
therefore only influence the deformation processes at a short distance ahead of the crack tip, 
should the only source of hydrogen be adsorption at the crack tip during the load cycle. 
Martensitic transformation in the process zone is expected to significantly enhance the diffusive 
transport of hydrogen into the crack process zone, as explained in the Literature review chapter, 
as up to 8 orders of magnitude higher diffusion coefficients are stated in [1], and consequently 4 
orders of magnitude greater hydrogen penetration distance is expected in ferritic phases 
compared to austenite (for same diffusion time). The observed slip band development, discussed 
above, may also enhance the transport of hydrogen as evidenced by Hayashida in [87] and, 
together with dislocation transport of hydrogen, needs to be considered during investigation of 
frequency and dwell effects on hydrogen enhanced fatigue. 
5.3.4.1.3 316L steel (450 bar hydrogen at 25°C) 
316L steel displayed a lower susceptibility to hydrogen effects, compared to 304L, throughout the 
whole investigated ΔK range. As shown in  
Figure 87, the ‘steady state’ embrittlement was noted above a ΔK of 15 MPa√m and below this 
range an apparent threshold behaviour was observed (although this is considered to be due to 
possible testing artefacts (precracking, set up) and the time required for hydrogen effects to reach 
steady state at the start of the test). Examination of SEM fractography also reveals generally 
fewer noticeable changes in fracture morphology, compared to 304L steel, especially at low 
magnification levels. The only readily noticeable differences between the ambient condition and 
450 bar hydrogen tests is formation of secondary cracks aligned parallel to the crack growth 
direction and the appearance of ‘streaks’ of high aspect ratio (2×50 µm) and flat appearance, 
noticeable in Figure 99. Similarly to the secondary cracks, these areas are aligned parallel to the 
crack growth direction.  Secondary cracks were seen to form in greater numbers with an increase 
of ΔK as can be seen in Figure 142. The abundance of stringer-like features, is difficult to quantify 
at low magnification due to the lower contrast than that produced by secondary cracks, but these 
were noted relatively often throughout the investigated areas as shown in Figure 143.  
Closer inspection of the character of the secondary cracks and the stringer like areas reveals that 
they could be related. Cracking aligned with the ‘macroscopic’ cracks discussed above is noted on 
stringer edges, as shown in Figure 144. Recalling the discussion of tensile tested specimens of 
316L steel in section 5.2.2 regarding the origins of secondary cracking as described in section 
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5.2.2.2 it can be concluded that these features are fractured δ-ferrite stringers. Closer 
investigation of their fracture characteristics, shown in Figure 145, reveals cleavage failure 
indicating susceptibility of δ-ferrite to embrittlement by hydrogen. It is thus proposed that similar 
mechanisms, of enhanced hydrogen diffusion along δ-ferrite stringer and δ-γ interfacial fracture, 
are operative at the fatigue crack tip and in its process zone in 316L steel.  
A lack of characteristic arrangement of features on the fracture surface (by contrast with 304L) 
was noted in this steel when tested in 450 bar hydrogen. Inspection of the facet surfaces 
fractured in hydrogen ( Figure 141) did not reveal a clear indication of possible localised fracture 
initiation features such as were observed in 304L, discussed earlier and shown in Figure 133. 
Areas of brittle like fracture were only noted seldom in this alloy, as indicated in Figure 144, and 
did not occupy a significant fraction of the fracture surface. Their morphology was similar to areas 
observed in 304L and their characteristic orientation relationship may again indicate fracture 
along martensitic interfaces, shown in Figure 146. Additionally, no crystallographic character of 
the fracture has been noted, indicating that in this steel the mechanism of austenite failure at slip 
bands and γ-α’ and α’-α’ fracture might not be solely responsible for acceleration of fatigue crack 
growth rates in hydrogen atmosphere. It can thus be postulated that a combination of 
mechanisms may be active in this stainless steel, which are facilitated by increased hydrogen 
diffusion through the ferrite stringer network present in the microstructure [17]. 
The EBSD phase map, shown in Figure 116, provides some insight as to why fewer ordered 
features are observed on the fracture surface of 316L, compared with 304L. The depth of α’ 
transformation into the fracture surface is seen to be significantly lower than in 304L. Martensite 
coverage on the obtained map was determined at 0.6% and was 50% lower than the coverage 
measured in 304L steel, tested in the same conditions (terminal ΔK levels were matching in both 
tests in room temperature 450 bar hydrogen and were 28 MPa√m). Consequently, the amount of 
expected γ-α’ and α’-α’interface splitting should also be less. The significant reduction in the 
amount of α’ coverage on fracture face, between the ambient and hydrogen test, is also noted in 
this alloy (Figure 114 and Figure 116), similarly to the 304 steel. It appears that similar 
mechanisms were operative in this alloy, whereby strain required for crack advance was lower 
than the critical strain necessary for the martensitic transformation nearly throughout the whole 
crack length (although some limited α’ was observed at high ΔK). It needs to be noted, however, 
that the 304L steel showed greater reduction in martensite coverage around the crack tip than 
316L where its content dropped from 7.7% to 1.2% between air and 450 bar hydrogen tests, 
comparing to reduction from 1.6% to 0.6% for 316L crack tip. 
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5.3.4.2 Hydrogen effects at room temperature, 800 bar  
5.3.4.2.1 Summary of the test data 
When tested in 800 bar hydrogen, at room temperature, both steels showed a further increase in 
fatigue crack growth rates in the investigated ΔK range. A strong effect was noted in 316L steel, in 
which significant crack growth acceleration upon pressure increase was noted. 304L showed only 
a small sensitivity to pressure increase displaying a potential saturation effect.  
5.3.4.2.2 304L steel (800 bar hydrogen at 25°C) 
The relatively small effect of 800 bar hydrogen on crack growth rates in 304L steel, compared to 
the performance at 450 bar test, is accompanied by only subtle changes to its fracture face 
morphology, shown in Figure 100. The characteristic alignment of coarse ridges present on the 
fracture surface was no longer as pronounced as seen in the specimen tested at 450 bar, and this 
difference was most striking at the highest investigated ΔK level, presented in Figure 147. It seems 
that the crystallographic character of failure (either slip band fracture initiation or α’ interface 
fracture) occurred less frequently with increasing ΔK in 800 bar hydrogen. This gradual loss of the 
feature alignment relationship and the concurrent reduction in the amount of flat, cleavage like 
fracture, attributed to martensitic areas, indicated that fracture easily propagated through 
untransformed austenite at higher ΔKs in this case.  
This is supported by the results of EBSD mapping of the fatigue crack tip of 304L steel tested in 
800 bar. The phase composition map, presented in Figure 117, shows a significant reduction in 
the amount of strain induced martensite transformation along the crack path compared to the 
ambient test result (as it also did for the equivalent specimen tested at 450 bar). The measured 
coverage of martensite was 3.2% in this test and it should be noted that this was the case even 
though the final ΔK reached by the crack tip in the 800 bar test was 43MPa√m, compared to 
34MPa√m in ambient condiWons. Again, fracture is occurring preferenWally over transformaWon, 
although the fracture features become less crystallographic with increasing ΔK in the 800 bar test.  
Fast crack growth observed at 800 bar (1 µm/cycle was exceeded at ΔK of 20 MPa√m) is coupled 
with insufficient slip activity to develop the coarse slip band network seen in ambient conditions. 
Investigation of the EBSD band contrast map (showing the ‘quality’ of diffraction pattern, 
controlled by local strain) shown in Figure 117, confirmed that fracture occurred prior to 
development of extensive deformation, resulting in a small amount of α’ coverage observed at 
the crack surface and a reduction of apparent interaction between deformation mode and 
character of fracture. Due to the short time available for hydrogen diffusion ahead of the crack tip 
between each loading cycle (and the associated crack front movement), it is possible that the 
advance of the crack was facilitated by a small process zone ahead of its tip. This is further 
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reinforced by inspection of the fatigue crack growth rate data presented in Figure 88, where the 
crack growth rate acceleration (difference between growth rates under air and 800 bar hydrogen) 
is not observed to reduce with increasing crack propagation rate (and consequently da/dt), 
indicating that hydrogen was continuously able to influence the processes at the crack tip, even at 
high crack propagation rates. 
5.3.4.2.3 316L steel (800 bar hydrogen at 25°C) 
Contrary to 304L steel, 316L showed significant sensitivity to varying hydrogen pressure in FCGR 
tests with similar fatigue crack growth acceleration between 450 and 800 bar as seen between 
ambient and 450 bar ( 
Figure 87). However, the crack growth rate curves were seen to converge near ΔK of 25MPa√m. 
Despite this significant difference in growth rates, the fractography presented in Figure 97 and 
Figure 101 for 450 and 800 bar tests, respectively show little difference in fracture mechanism. 
Areas of brittle cracking of ferrite stringers are readily visible at low magnification in Figure 148, as 
seen in the 450-bar test. The secondary crack population appeared similar to that observed in the 
lower pressure test and their initiation can be directly related to δ-ferrite as can be seen in Figure 
149. The mechanisms of secondary crack initiation were described earlier, in section 5.3.4.1.3. 
It is difficult to attribute the significant crack growth acceleration to microstructural or 
deformation mechanisms as despite significant development of slip bands below the crack 
surface, as observed in the EBSD band contrast map in Figure 118, fracture did not propagate in a 
directional manner (as was seen in 304L steel). Again, the amount of strain induced martensite 
was much lower than seen in ambient conditions (compare Figure 114 and Figure 118, 1.6% vs. 
0.7% α’ in ambient air vs. 800 bar hydrogen) despite the significantly higher final ΔK reached in 
the 800 bar test. Areas of ordered fracture occurred rarely in the investigated regions and were 
often seen to appear close to ferrite bands with examples presented in Figure 150. Fracture 
initiation at dislocation pileups near δ-γ could be responsible for such morphologies but it is not 
possible to confirm this hypothesis without detailed in-depth investigation of the microstructure 
directly below these areas. 
At this point, investigation of the crack tip plastic zone size and its comparison with 
transformation zone is noteworthy. Using the approximation from Rice [72], discussed in the 
Literature review chapter, crack tip zone sizes of 4.2 and 4.1 mm are obtained for 304L and 316L 
steels tested in 800 bar, respectively. Inspection of EBSD scans of crack tips obtained in these 
tests, introduced earlier, shows a highly localised transformation with martensite present within a 
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region of up to tens of µm from the crack surface, implying a significant confinement of 
substantial plasticity to regions close to the crack tip in hydrogen atmosphere. Considering the 
slow hydrogen diffusion speed, even in transformed austenitic steel (discussed by Kanezaki in 
[17]) reaching tens of nanometres in a loading cycle, it could be argued that hydrogen is 
facilitating the damage in a very localised process zone ahead of the crack tip. 
It appears that the differing sensitivity of 316L and 304L to changing hydrogen pressure can be 
linked to the different hydrogen transport routes through their microstructures. Assuming that 
hydrogen adsorption rates and solubilities of both steels match (as shown by Mine in [88]), initial 
hydrogen concentration at the crack tip surface in both steels should be similar. The enhanced 
hydrogen transport expected in 304L due to contribution from BCC martensite (as explained by 
Kanezaki in [17]) and localised dislocation activity could facilitate greater hydrogen penetration in 
this alloy than in 316L, resulting in greater hydrogen saturation ahead of the crack tip and thus 
the observed lesser effect of increased test pressure to 800 bar. 316L would in turn be more 
sensitive to hydrogen content in the adsorption zone (proportional to √pressure according to 
Sievert’s law, [1]) due to limited routes for its enhanced transport ahead of the crack tip (less 
martensite, less planar slip). 
5.3.5 Summary 
At room temperature, the investigated steels showed greatly differing susceptibility to high 
pressure hydrogen atmosphere. Crack growth acceleration was greater overall in 304L steel, 
agreeing with literature expectations and observations seen during tensile tests at moderate and 
high hydrogen pressures, discussed earlier in the chapter. 316L was observed to be more sensitive 
to increase of hydrogen pressure, in contrast to possible hydrogen effects saturation in 304L steel. 
Mechanisms of fracture differed significantly between the alloys, with 304L steel fracturing mainly 
due to damage localisation along deformation bands and microstructural boundaries between γ 
and α’. This was evidenced by the aligned character of mesoscopic fracture ridges present 
throughout the fracture surface in this alloy as well as discrete fracture points present on split 
annealing twin boundaries. It was seen that planar slip, beneficial for fatigue crack growth 
resistance in ambient conditions, was detrimental to fatigue in high pressure hydrogen. Reduction 
in the amount of strain induced martensitic transformation was observed in EBSD microstructure 
composition, indicating that fracture occurred preferentially to accumulation of significant strain 
for transformation in the studied alloys, and significant plasticity, resulting in phase 
transformation, was confined to a small area surrounding the crack tip. 
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5.3.6 Effects of temperature 
5.3.6.1 Summary of the test data 
Fatigue crack propagation rates for both steels were higher at -50°C and 50°C compared to room 
temperature in 450 bar hydrogen as can be seen in Figure 86 and  
Figure 87 for 304L and 316L steels, respectively. In both materials the slopes of the growth rate 
curves were lower at -50°C and 50°C compared to room temperature and the three curves 
converged around a ΔK of 30 MPa√m in 304L and are extrapolated to converge at 40 MPa√m in 
316L (as data at this ΔK were not obtained). Only the -50°C test of 304L steel in 450 bar hydrogen 
showed a two-stage growth curve, with a higher slope observed below the ΔK of 18 MPa√m.   
5.3.6.2 304L steel (450 bar hydrogen at 50°C) 
The effects of a 450 bar hydrogen atmosphere at 50°C on 304L steel were readily noticeable upon 
inspection of its fracture surface morphology and fatigue crack growth rate evolution with 
increasing ΔK. Changes in fracture mechanisms between air and 405 bar, 50°C, conditions were 
readily noticeable with a much more brittle character noted at low ΔK levels which became more 
ductile in appearance at highest investigated ΔK, as can be seen in Figure 102, due to reduction in 
the amount of sharp ridges present on the fracture surface.    
Comparison of the elevated and ambient temperature tests in 450 bar hydrogen shows a 
noticeable acceleration in fatigue crack propagation at low ΔK (an order of 2 at a ΔK of 
11 MPa√m), which steadily reduces with increasing ΔK until the growth rates converge at 
20 MPa√m. In spite of the signiﬁcant crack growth acceleraWon, the fracture mechanisms at low 
ΔK did not appear significantly different between the two test temperatures. At high ΔK, however, 
a more ductile character of fracture in the specimen tested at the elevated temperature was 
noted, even though the crack propagation rates were identical in the room temperature and 50°C 
test. The similarities (low ΔK) and differences (high ΔK) in fracture surface appearance are readily 
visible upon comparing the low magnification SEM fractographic images in Figure 98 and Figure 
102. 
At low ΔK the fracture surface, as in the room temperature 450 bar test, appears brittle due to 
the presence of sharp ridges accompanied by a number of flat facets in the investigated area as 
can be seen in Figure 102. The characteristic ordering of features on the fracture surface has not 
been seen at this testing temperature and was only present locally, with limited coverage. It 
appears that the slight increase in the test temperature may be enough to alter the deformation 
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behaviour by enabling easier cross slip and consequent reduction in the number of features 
related earlier to planar deformation. 
Higher magnification SEM observation of the fracture surface revealed significant amounts of 
nearly flat, cleavage like, areas interspersed within striations, as shown in Figure 151. Although 
areas of feature ordering, possibly coinciding with α’ or α’ – γ fracture, are still observed on the 
specimen, as shown in Figure 152, they were not as dominant as in the room temperature, 450 
bar, hydrogen test. Cleavage like facets, appearing similar to the ones observed at room 
temperature (Figure 137), are also present in this specimen, however their coverage appears to 
reduce with increasing ΔK, as can be seen in the micrographs presented in Figure 151 and Figure 
153. In this specimen, the fracture surface appears to lose brittle character (sharp delineation) 
with increasing ΔK in contrast to earlier observed morphology at room temperature, 450 bar 
hydrogen. This can be observed in Figure 154 compared to Figure 98. 
Since the number of features attributed to α’ or α’ – γ fracture was observed to reduce with 
increase in the test temperature, the effect of temperature on the content of α’ martensite is 
worth discussing at this point. Calculation of Md30 temperature, often used as a measure of 
austenite stability against martensitic transformation, is 32.4°C for 304L steel, compared to 13.9°C 
for 316L (Md30 is the temperature at which 50% of austenite will transform to martensite at 30% 
true strain [5]) this indicates that microstructural stability of 304L steel may change across the 
investigated temperature range. Even though this is only an indicative estimate, calculated from 
alloy composition, it agrees with observations made during FN measurement of tensile tested 
specimens of 304L steel (while 316L showed little variation). The expected reduction in the 
amount of α’ generation and an increase of SFE with increasing temperature could thus 
contribute to the observed loss of ordered fracture character compared to tests at room 
temperature. 
The EBSD phase constitution map, shown in Figure 119, reveals that martensite content in the 
crack tip region and near the fracture surface was low at 0.4%, confirming the expected trend. 
The crack surface contained only a limited amount of martensite, with penetration depths not 
exceeding 5 µm. A coarse slip band network was not observed in the specimen, although 
indications of planar slip were still noted on the Kikuchi band contrast map in Figure 119. 
Although the slight increase in temperature, increasing the SFE and the propensity for cross slip, 
did not alter the slip behaviour significantly it appears that it was sufficient to reduce the 
likelihood of strain induced martensite formation, as reduction in martensite formation levels 
were also observed in room temperature tests in hydrogen (compared to air). Fracture path 
deflection along grain and twin boundaries can be seen in Figure 126 (top), however features 
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appearing similar to the earlier described flat facets in Figure 102 were not observed at the 
highest ΔK level.  
The role of deformation and transformation behaviour in HEE can now be assessed in 304L steel. 
At low ΔK, despite the reduction of fracture facilitated by shear bands and the α’ network, a 
significant increase in crack growth acceleration was still noted in the 50°C test. It is thus possible 
that highly planar slip and significant strain induced transformation in 304L steel may not 
necessarily be the only controlling mechanisms in hydrogen enhanced fatigue, which supports 
views expressed in [1]. Due to the temperature enhanced hydrogen transport, greater saturation 
of the crack process zone with hydrogen may be expected and thus result in less reliance of the 
crack path on weak microstructural features such as shear bands and phase boundaries. 
Inspection of the twin facet character substantiates this possibility as damage localisation in slip 
boundaries was not observed (Figure 155). Instead, incremental crack front positions (consistent 
with the observed crack propagation rate) were easily discernible and were accompanied by 
deflected failure areas, possibly at intersections of more developed slip systems (arrows in Figure 
155). This is similar to the deflections observed in 316L steel at ambient temperature, shown in 
Figure 135. 
The hydrogen diffusion coefficient is expected to increase between room temperature and 50°C 
by a factor of 4 (through consideration of the Arrhenius relation), the change in diffusion distance 
in a single loading cycle would therefore increase by a maximum factor of approximately 2 (√4, 
inferring the diffusion distance approximation of √Dt). It is also important to investigate the 
concept of martensite enhanced hydrogen diffusion further. If the diffusion coefficient of cold 
worked 304 steel given by [17], containing 65-69% of martensite is considered to simulate a 
significantly martensitic transformed crack tip zone, using the approximate activation energy from 
[1], then a diffusion coefficient of 5x10-14 m2/s is obtained, which is close to the value expected at 
elevated temperature (2.1x10-15 m2/s, [1]). It thus appears that effects of martensitic 
transformation and increased test temperature on hydrogen diffusion enhancement may be 
comparable in terms of the effects on hydrogen transport. This reinforces the view that hydrogen, 
in both the transformed and untransformed microstructures, would facilitate the damage only in 
a small (nanometre-scale) process zone ahead of the crack tip (as no greater diffusive H 
penetration is expected). It is thus difficult to explain the further crack growth acceleration at 
50°C compared to 25°C, in the 450 bar test solely by inspection of diffusion coefficients. Hydrogen 
effects on dislocation dynamics (enhanced mobility) and hydrogen transport by dislocations could 
potentially enhance its penetration depth, as discussed in [84], however these effects are difficult 
to quantify in the current results.  
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While it is difficult to establish the main or predominant mechanism of accelerated fatigue crack 
growth in hydrogen at 450 bar at 50oC (cf. to ambient), some conclusions can be drawn from 
these results. Despite the expected (and confirmed) reduction in the amount of strain induced 
martensite formation, high crack growth rates were observed throughout the test implying that 
martensite is not a necessary condition for embrittlement of austenitic steels, in agreement with 
the literature [8]. The increased test temperature may have influenced the damage and 
deformation mechanisms by multiple, often competing, means. Reduction in slip planarity 
hindered the development of coarse slip bands, thus also the susceptibility to damage 
propagation and reducing the initiation of martensite transformation. This reduction in fracture-
susceptible areas/interfaces (γ- γ, α’-γ, α’- α’ and slip bands) is coupled with a reduction of the 
potentially beneficial effects of martensitic transformation due to volume expansion and 
hardening coupled with slip reversibility seen in planar slip materials. Hydrogen transport is 
predicted not to be affected in terms of diffusion coefficient (as discussed above) however the 
contribution from the slip band network could not be quantified. 
5.3.6.3 316L steel (450 bar hydrogen at 50°C) 
It is difficult to attribute the significant acceleration in fatigue crack propagation rate in the 50°C 
test to the associated fractographic observations. Inspection of the SEM fractography of the 316L 
specimen tested at elevated temperature, presented in Figure 103, did not reveal significant 
effects of hydrogen on the fracture morphology at 50°C. The fracture surface was mostly 
decorated with fine, ductile appearing, features accompanied by striation abundant areas. 
Stringer (δ) fracture was evident at this test condition and was readily visible at moderate 
magnifications as seen in Figure 156. Brittle appearing areas were occasionally noted on 
fractographs (e.g. Figure 157) with morphology similar to features observed in the 25°C, 450 bar 
test.  
The steady crack growth acceleration at 50°C of a factor of 2, up to ΔK of 25 MPa√m, compared to 
room temperature is consistent with the expected increase in diffusion distance, discussed in the 
previous section. It thus appears that temperature enhanced diffusion could have resulted in the 
observed crack acceleration. With increasing crack length (ΔK increasing) throughout the test, the 
existence of a critical, ‘cut-off’, crack growth rate could be postulated, at which the crack tip 
advance rate would exceed the time required to set up the hydrogen saturated zone. Such a point 
was potentially observed around a ΔK of 25 MPa√m (and crack propagaWon rate near 
4x10-4 mm/cycle) in 316L steel in the elevated and room temperature test.  It is important to note 
that the reduction in crack growth curve slope was not observed at higher ΔK implying that the 
enhanced diffusion was contributing to ‘steady-state’ embrittlement, rather than being the main 
mechanism of hydrogen assisted fatigue in the elevated temperature test.  
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The EBSD scan of the fatigue crack tip, Figure 120, showed a low amount of martensite (0.1%) 
present on the fracture surface and no transformation ahead of the crack tip. Similarly to the 
room temperature tests, fracture propagated prior to establishing a critical strain (or slip network 
development) indicating that martensite would not be a necessary condition for hydrogen 
assisted fatigue in the tested condition. Slip band coarsening was not evident on the band 
contrast map in Figure 120 and coupled with the fractographic observations presented in Figure 
103 implies that slip band or martensite-austenite interface weakening were not responsible for 
the substantial acceleration of fatigue crack growth rates. 
The lack of clear differences between the fracture surface morphologies in the room and elevated 
temperature tested specimens, coupled with the limited amount of martensite generation during 
fracture (as measured via the EBSD investigation), indicates that temperature enhanced diffusion 
could be responsible for the observed effects. Easier hydrogen adsorption at the crack surface, 
due to temperature enhanced kinetics, would result in the increased availability of atomic 
hydrogen to diffuse through the material. Its enhanced penetration would then facilitate local 
deformation mechanisms (through the HELP mechanism) and result in faster crack propagation. 
Such a mechanism would not rely on enhancement of hydrogen transport by a martensite/ferrite 
network and would not solely rely on weakening due to microstructural features such as phase 
boundaries by slip bands. 
5.3.6.4 304L steel (450 bar hydrogen at -50°C) 
The highest hydrogen embrittlement severity was expected to occur near -50°C in both studied 
alloys [34]. However, in 304L the crack propagation rates did not increase extensively between 
room temperature and the -50°C tests in 450 bar hydrogen, reinforcing the hypothesis of 
potential saturation of hydrogen effects. Acceleration by a factor of 2 was noted up to ΔK of 
18 MPa√m, compared to the room temperature 450 bar test. At higher ΔK the acceleration was 
seen to reduce and crack growth rates converged with the room temperature and elevated 
temperature tests near a ΔK of 25 MPa√m. 
As in the elevated temperature testing, 304L steel tested at -50°C in 450 bar hydrogen, shown in 
Figure 104, exhibited significant changes in fracture surface morphology when compared to 
ambient conditions. At moderate magnification a brittle appearing fracture surface is noted, with 
numerous flat facets present in the observed regions. Increasing stress intensity range is seen to 
alter fracture behaviour by slight coarsening of fracture features and reduction in the presence of 
the ‘sharp packet’ areas seen in abundance at low ΔK in Figure 104.  
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The fine packets forming generally flat areas seen in Figure 104 appear to be regions of 
martensite fracture. Their ordered character and orientation along the [110] direction (estimated 
from slip traces seen on the fractured facet) as can be seen in Figure 158, is consistent with 
martensitic transformation origins and propagation routes along the slip bands.  During fatigue at 
low temperature, slip activity in the crack tip zone will concentrate in a limited amount of slip 
systems due to increased slip planarity [36] and this in turn will create a higher probability of α’ 
formation. This has been observed in the EBSD scan of the -50°C, 450 bar fatigue crack tip shown 
in Figure 121. Martensitic regions are seen to follow coarse slip bands discernible on the contrast 
map in Figure 121. Interestingly, complete transformation of the crack tip zone was not observed 
in this test (although this was observed in ambient conditions) despite its low temperature. Here, 
(as seen in other hydrogen tests) fatigue fracture propagated prior to accumulation of the strain 
required to complete the full transformation, hence the ‘fresh’ martensite state (embryos are still 
visible along the deformation bends) was preserved near the crack tip, allowing identification of 
its formation origins.  
Localised damage initiation at slip bands was easily observed on fracture facets, as shown in 
Figure 159, the appearance of which was consistent with the room temperature 450 bar test 
(Figure 98). Aligned fracture features (discussed in the analysis of the room temperature, 450 bar, 
test fractography) were seen to coincide with the slip traces observed on the facet in Figure 160, 
reinforcing the hypothesis of fracture initiation at, and propagation along, coarse slip bands, 
discussed earlier.  This was consistent with the earlier discussed results of the ambient 
temperature tests. Interestingly, splitting of the (111) planes below (or above) the twinning 
boundary was observed in this test, as shown in Figure 160. Consequently, it is difficult to 
determine with certainty whether the flat facets were created due to twin splitting or the fracture 
of a weakened (111) plane of austenite (due to accumulation of stacking faults).  This shows the 
orientation dependence of hydrogen enhanced damage, and does not indicate a particular 
susceptibility of annealing twin boundaries to hydrogen as their fracture at different orientations 
to the crack opening plane was not observed, as seen in Figure 161. This, despite significant strain 
near the boundaries due to martensitic transformation and the expected hydrogen concentration 
due to its transport along the BCC microstructure and its potential rejection to the FCC phase 
upon transformation.  
It is worthwhile to revisit the results of the EBSD analysis of the fatigue crack tip obtained in the 
cold test. Closer investigation of the slip traces on the contrast map reveals martensite embryos in 
the early stage of this phase formation in unstable austenite (Figure 121). Intersections of coarse 
slip bands are seen to facilitate martensitic formation, which then propagates preferentially along 
the bands. Due to well defined slip directions during slip localisation, ordering of martensitic 
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regions is also expected and was observed on the EBSD orientation map, shown in Figure 127. A 
greater propensity for slip confinement to selected slip bands was seen to increase the amount of 
martensitic transformation near the crack tip (compared to other tests in hydrogen) to reach 5.4% 
area fraction, showing the mechanism of strain induced transformation in austenitic steels.  
It was also observed that the ‘fresh’ martensite, formed due to slip activity, as discussed above, 
had a different morphology to martensitic regions observed ahead of the crack tip. The ‘residual’ 
martensite was not seen to envelop slip bands and formed generally featureless clusters, present 
far ahead of the advancing “fresh” martensite zone.  Its formation routes are difficult to establish, 
however it is possible that alloying segregation, causing local reduction in austenite stability, 
facilitated its formation at low strains in the stressed regions formed ahead of the propagating 
crack. With the estimated plastic zone size of 2.8 mm in the -50°C test, the plastic activity ahead 
of the crack tip could contribute to this transformation (although transformation was observed to 
be highly localised in previously discussed tests). Its formation due to low test temperature is not 
expected as the testing was conducted above the Ms temperature of this alloy composition [5]. 
5.3.6.5 316L steel (450 bar hydrogen at -50°C) 
316L steel, tested at -50°C in 450 bar hydrogen showed the most severe acceleration in fatigue 
crack growth rates, comparing to the other investigated conditions.  A factor of 7 acceleration was 
observed in the low ΔK regime, when compared to the room temperature 450 bar test, which 
reduced to factor of 3 near the ΔK of 25 MPa√m due to smaller slope of the Paris curve at -50°C.  
Similar crack growth rate curves were observed in this alloy in the 450 bar, room temperature and 
50°C tests and the 800 bar test at ambient temperature at a ΔK of 40 MPa√m (c.f.  
Figure 87). 
Effects of hydrogen on the fracture morphology at low temperature, shown in Figure 105, were 
more readily noticeable than in the room temperature tests at 450 or 800 bar, discussed earlier. 
Generally, a brittle appearing fracture was noted in this steel, especially at low ΔK, which was 
decorated with sharp ridges, some of which displayed ordering similar to that observed in 304L 
steel, although their coverage was generally low. The aligned character of features present on the 
fracture face implies that, as in 304L, damage facilitation at slip bands was operative in 316L at 
low temperature due to the increased slip planarity with reduced temperature, and this could be 
one of the factors contributing to the observed crack growth acceleration. An example of these 
features is presented in Figure 162. A link between the planar slip traces, visible on facets in 
Figure 163, and localised damage initiation at slip boundaries is shown in Figure 164. 
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With the increased slip concentration (more intense slip bands), a greater propensity for 
martensitic transformation is expected (the test was carried out at significantly lower 
temperature than the estimated Md temperature for the 316L composition, which was 13.9°C). 
Evidence of fracture through martensitic regions was observed in this test, as shown in Figure 
165, however, overall coverage of such areas on the fracture surface was low.  
EBSD investigation of martensite coverage on the fracture face on the fatigue crack section 
showed a significant increase compared to the 450 bar room temperature test as can be seen in 
Figure 122 and reach 1.8%. Transformation is seen to concentrate mostly near the surface of the 
crack and is seen to occur in both ‘fresh’ and ‘residual’ modes, as seen in 304L steel at low 
temperature. The freshly initiated martensite is readily identifiable on the phase map and its 
embryos are noted to coincide with intense slip band intersections, agreeing with the earlier 
discussed mechanism. It is important to note that this martensite is not generally seen to be 
connected to the fracture surface and could not directly contribute to hydrogen enhanced 
damage in the crack process zone. Additionally, not all intense slip bands are seen to contain 
martensite at the investigated scale (the step size of the EBSD scan was ≈ 10 nm) confirming the 
much higher resistance to martensite formation in 316L steel than in 304L steel. 
Cleavage of δ-ferrite stringers has been noted on the fracture surface obtained at -50°C, as seen 
in other tests in hydrogen. The presence of these bands could have produced an increase in 
diffusive transport of hydrogen into material ahead of the crack tip as well as provided potential 
crack initiation sites at the γ-δ interface. Both of these factors could have contributed to increased 
crack propagation rates. 
It is difficult to attribute the significant crack growth acceleration observed in 316L steel at low 
temperature to a single mechanism of hydrogen-induced damage. It appears that the observed 
trend is an effect of the synergy of multiple mechanisms amounting to the highly increased 
damage severity in this steel. Despite the rapidly advancing crack, hydrogen was able to enhance 
the fracture phenomena, indicating that hydrogen effects were limited to a small zone near the 
crack tip, as discussed earlier, or its transport was also enhanced by non-diffusive means. Should 
hydrogen diffusion have been the limiting step of the crack acceleration process, its transport by 
dislocations and along slip bands might well be an important contributing mechanism to its 
distribution in the microstructure ahead of the crack allowing it to still affect the rapidly 
advancing crack front.  
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5.3.7 Summary 
The test temperature had clear effects on both steels with noticeable crack growth acceleration at 
both elevated and reduced temperature. While the results of the cold testing (-50°C) were in 
agreement with expectations based on tensile test data (showing the most severe embrittlement 
in both cases), elevated temperature testing actually reduced the apparent effects of hydrogen in 
monotonic tensile tests which was not observed in fatigue. In both steels, crack growth rate 
curves in 450 bar at various temperatures were seen to be convergent at higher ∆K levels, 
possibly indicating that hydrogen transport was an important variable controlling the severity of 
embrittlement in these tests. The varying Paris slopes at these different conditions imply that the 
crack process zone may not reach critical hydrogen saturation before the crack tip advances 
through it, thus reducing the cracking acceleration with hydrogen with increasing ∆K. This was 
especially evident in tests conducted at -50°C in which the crack growth rate curve slopes were 
noticeably smaller than in curves reported for all other tests in hydrogen. Growth rate 
equalisation occurred at growth rates near 3x10-3 and 1x10-3 mm/cycle for 304L and 316L steels, 
respectively, marking a point where contribution of enhanced hydrogen transport (either via 
elevated temperature or microstructure) was no longer effective in providing further crack 
growth acceleration with comparison to room temperature. 
It was observed that martensitic transformation is not a necessary condition for increased crack 
growth rates in hydrogen, which is in agreement with the findings of others. The elevated 
temperature tests showed greater crack growth acceleration, compared to room temperature 
tests, yet exhibited lower degrees of martensitic transformation. Since it was estimated that the 
increased test temperature might have increased hydrogen diffusion by a similar degree to the 
effect of a martensitic transformation, other damaging mechanisms must have been operational 
in the materials. The complexity of damage controlling mechanisms has been noted here as 
varying test temperature has also altered the slip characteristics and transformation extent. The 
mechanistic complexity of hydrogen enhanced crack growth in austenitic stainless steels was 
exhibited in 304L steel tests in 450 bar. In spite of the expected, and observed, differences in 
material behaviour, crack growth rates equalised at a ∆K of 25 MPa√m, showing that similar 
embrittlement severity may be created by a mixture of various mechanisms, operative at 
different temperatures. 
Transport along deformation bands and advancing dislocations has been noted as a possible 
mechanism of hydrogen transport into the crack process zone and to the region ahead of the 
crack tip. Due to its generally slow diffusion, even in partially transformed austenite, a strong 
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sensitivity of crack growth acceleration to the actual crack growth rates would be expected.  That 
is, no significant embrittlement would be expected to be observed after exceeding a critical crack 
growth rate in these materials. A significant acceleration was however still observed, even at 
crack growth rates exceeding 1 µm/second, indicating that hydrogen was continuously able to 
provide accelerated fracture despite the high crack propagation rates. Due to its slow diffusion 
through the microstructure, secondary transport mechanisms, introduced above, could have been 
responsible for this phenomenon.  
5.3.8 Effects of loading frequency 
5.3.8.1 Summary of the test data 
Both 304L and 316L steels showed little influence of testing frequency between 0.001 and 1 Hz on 
fatigue crack growth rates during constant ∆K tests in 450 bar hydrogen at room temperature. In 
both steels, an acceleration factor (normalized with respect to ambient atmosphere crack growth 
data) was seen to increase with decreasing frequency at low ∆K (15 MPa√m) and reduce at high 
∆K, as would be expected in transport-controlled embrittlement, however the relative differences 
were small. Comparison of frequency scanning and full fatigue crack growth data, depicted in 
Figure 94 and Figure 95, showed negligible effects at high ∆K, with growth rates at the explored 
frequencies approaching the 450 bar FCGR data. At low ∆K, however, crack growth rates at 0.1 
and 0.01 Hz (304L) or 0.1 and 0.05 Hz (316L) were seen to be higher than at 1 Hz (both alloys), 
indicating that the reduced frequency did produce an increase in hydrogen-assisted damage 
severity. 
5.3.8.2 Influence of frequency on hydrogen assisted fatigue  
During the constant ΔK frequency scanning test 304L steel was seen to exhibit similar fracture 
mechanisms to the 450 bar FCGR test. Fracture at 1 Hz in the low ΔK regime was seen to contain 
many cleavage like facets with sharp and ordered ridges (which have been interpreted earlier to 
coincide with fracture along slip bands and interfaces between α’ and γ phases). Reduction in test 
frequency resulted in an increase in crack growth rate between 1 and 0.1 Hz and negligible 
change between 0.1 and 0.01 Hz, as can be seen in Figure 94.  
Fracture mechanisms between 1 and 0.01 Hz frequencies at low ΔK did not change, indicating that 
the active damage mechanism was unchanged. Even though some acceleration was noted when 
comparing 0.1 and 1 Hz steps, a further order of magnitude increase in time available for 
hydrogen adsorption and distribution in the crack process zone (0.01 Hz step) had a little effect. 
The lack of any such acceleration may indicate that the stress intensity range of 15 MPa√m is 
already too high (i.e. crack advance is too fast) to result in noticeable effects of frequency. The 
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crack advance through the process zone may thus not be influenced significantly, despite an 
increased cycle time, producing the observed lack of sensitivity to loading frequency. Such effects 
were also observed by Murakami in [1] in SCM435 steel. Alternatively, this may be an indication 
of saturation of hydrogen effects, so the damage severity is not significantly increased with an 
increase in cycle time. 
An even lower sensitivity to loading frequency would then be expected at higher ΔK due to the 
higher crack growth rates (compared to the diffusion speed of hydrogen), if hydrogen saturation 
of the process zone is the rate-controlling variable in these tests. This was observed upon 
inspection of Figure 94 where the crack growth rates were almost matching at 1, 0.1 and 0.01 Hz. 
Fracture mechanisms, explored at the highest and lowest investigated frequency, shown in Figure 
110, were again seen to be similar to the full 450 bar FCGR test.  The fracture mechanism was 
consistent with earlier observations, with brittle like features and ordered ridges present 
throughout the investigated areas, as shown in a higher magnification image in Figure 166.  
The frequency scan of 316L steel also showed little sensitivity of this alloy to varying loading 
frequencies, even though it was more sensitive to varying pressure and temperature in the FCGR 
tests. The low ΔK regime showed a small increase in growth rates upon reduction of frequency 
from 1 to 0.1 Hz while further reduction to 0.05 Hz showed a negligible effect (Figure 95). As seen 
in 304L, 316L showed an increased growth rate in the scan test, compared to the FCGR test (at the 
same pressure and temperature), indicating possible differences in damage kinetics between 
constant and increasing ΔK regimes in both alloys. 
Fatigue fracture mechanisms at 1 Hz and low ΔK appeared similar to the 450 bar increasing ΔK 
test and contained a small amount of brittle like areas, attributed to hydrogen enhanced cleavage 
through martensitic or susceptible austenitic regions (or their interfaces). Parting of ferrite 
stringers, consistent with the earlier observations was also observed in this test. Both cleavage-
like and ferrite fracture areas were observed in this steel and are shown in Figure 167. A 
somewhat higher coverage of brittle areas was noted at 0.05 Hz, as shown in Figure 168, however 
the change was not very marked, making it difficult to attribute the increased crack growth rate to 
a particular mechanism. 
The higher ΔK regime showed a reduced sensitivity of 316L to varying test frequency, as seen in 
304L. Fatigue fracture at 1 Hz appeared less brittle at moderate magnification (Figure 112) and 
contained a limited number of brittle areas, as marked in Figure 169. The lower test frequency, as 
seen in the low ΔK regime, showed a slightly higher coverage of cleavage surfaces but only a small 
crack growth rate increase.  
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The low sensitivity of both alloys to the loading frequency appears to correlate with the crack 
growth rates being too fast to allow for significantly increased hydrogen accumulation in the crack 
process zone. An indication of possible frequency effects was noted in both steels at low ΔK, 
however a greater effect might be observed at even lower ΔK levels (and concomitant lower crack 
growth rates). The effects of frequency (in the explored range) diminish after exceeding 
da/dN=1x10-3 mm/s in 304L and 2x10-4 mm/s in 316L. The greater ‘threshold’ growth rate in 304L 
steel can be explained by the greater amount of BCC martensite formation that was seen to occur 
in this alloy, which is expected to increase the diffusive transport of hydrogen through the 
microstructure. In order to further verify the effects of frequency in the investigated alloys, 
testing at lower ΔK and much lower frequencies should be performed, where sensitivity to the 
cycle time is expected to be greater. 
The reasons for the increased fatigue crack growth rates in both steels at 1 Hz, compared to FCGR 
tests at matching pressures and temperatures remain unclear.  It is possible that the constant ΔK 
regime (applied in the frequency scan tests) allowed for greater saturation of the crack process 
zone as compared to increasing ΔK FCGR tests. The constantly accelerating crack, due to its 
increasing ΔK, would perhaps more effectively escape the critical saturation zone, possibly 
exhibiting smaller hydrogen effects at the same instantaneous value of ΔK.    
5.3.8.3 Summary 
304L and 316L steels showed a generally small susceptibility to varying loading frequency in the 
investigated range, both in terms of crack growth acceleration and fracture mechanisms. A small 
effect has been observed at low ΔK, while the high ΔK regimes showed negligible influence. It was 
concluded that crack growth rates (and frequencies) in the investigated regimes were too high to 
allow for observation of noticeable time effects and a clearer variation would be observed upon 
testing at lower ΔK and frequencies. Additionally, testing at higher frequencies, and crack 
propagation rates (da/dt), would help in determining the ‘escape’ crack growth rate where 
hydrogen effects would no longer be able to contribute to crack propagation. 
5.3.9 Pressure scanning test results 
5.3.9.1 Summary of the test data 
Investigation of the effects of varying test pressure on fatigue crack propagation in 304L and 316L 
steels with constant ΔK pressure-scan tests has proven difficult.  Potential saturation of hydrogen 
effects, due to the test history, has been observed in both alloys. The test of 304L steel showed a 
generally constant acceleration dependence on test pressure which did not match the FCGR data 
obtained at varying ΔK at 450 and 800 bar as depicted in Figure 90. 316L showed a binary 
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behaviour, indicated in Figure 92, where no hydrogen effects were seen until a pressure of 300 or 
500 bar (depending on the test) was reached, then, similarly to 304L, saturated behaviour was 
observed. Interestingly, neither of the steels showed growth rates exceeding the 800 bar FCGR 
data, even when tested at 1000 bar during their scans. 
5.3.9.2 Pressure scanning of 304L  
304L steel exhibited a constant, high, crack growth acceleration factor throughout the 
investigated pressure range. High crack growth rates were established during the first growth step 
at 200 bar and were maintained throughout the whole test. It was difficult to interpret these 
results due to the higher than expected average ΔK of each step (as can be seen in Figure 90), 
where a possible convergence of fatigue crack growth rate curves could take place, as indicated 
earlier in the chapter. 
The unexpectedly high acceleration could have been the effect of hydrogen adsorption during the 
test setup, although the start-up procedure matched the earlier analysed FCGR tests where such 
behaviour was not observed, as discussed in the Results chapter. Should the crack growth be 
facilitated solely by a small process zone, as discussed earlier, it would only be affected by 
hydrogen adsorption at the crack tip and its immediate vicinity. This assumption would indicate 
that hydrogen effect saturation occurred in 304L near the ΔK of 30 MPa√m, however it is not 
possible to confirm this hypothesis without further testing. Alternatively, hydrogen adsorbed at 
the fatigue crack (and in its wake) could be transported to the plastic zone ahead of the crack tip 
and travel with the advancing crack front. The crack, travelling at generally constant ΔK in each 
step would not be able to escape the saturated zone. Such behaviour could explain the constant, 
high acceleration in growth rates observed in this alloy. 
Fracture mechanism investigation, performed at 200, 450 and 800 bar, shown in Figure 106, did 
not show noticeable changes in fracture mechanisms with varying test pressure. Fracture 
mechanisms at all investigated pressures was similar to the surface observed in the 800 bar FCGR 
test. Crystallographic character, seen in the 450 bar FCGR test, was no longer as evident in the 
pressure scans, however it was still present in all pressure steps.  
5.3.9.3 Pressure scanning of 316L  
Testing of 316L at various pressure levels has also returned unexpected results, with potential 
saturation effects noted at higher pressures, although the behaviour was seen to separate into 
lower and upper shelve of acceleration. In the two conducted tests, lower shelf behaviour, where 
no hydrogen effects on crack growth rates were observed, was seen to extend up to 450 bar test 
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pressure as shown in Figure 91. Shift to the upper shelf regime was noted after prolonged 
exposure to hydrogen either during a hold (test A) or pause in the testing (test B), with the exact 
details presented in the Results chapter. 
The scanning test results, despite not showing a clear effect of pressure on fatigue crack growth 
rates in 316L, provided an important insight into the mechanisms of hydrogen assisted fracture in 
this steel. The lower shelf behaviour, which was retained even at high test pressures (with short 
holds in the environment during pressure increases), showed that hydrogen was not able to 
sufficiently saturate the crack process zone during the holds implying the existence of critical 
saturation level in the zone for hydrogen effects to activate. Only a longer hold in the 
environment allowed for the activation of these effects and consecutive shifting to the upper 
shelf behaviour where significant embrittlement was observed. 
In the upper shelf, a pressure of 200 bar was seen to produce a similar acceleration to the higher 
pressure steps, meaning that sufficient hydrogen has been adsorbed to the crack process zone to 
result in the significant acceleration. The critical hydrogen content was then retained throughout 
the pressure steps that followed, potentially indicating that adsorbed hydrogen could be 
transported with the advancing crack tip. The exact mechanism of such transport is challenging to 
be establish since the postulated enhancement of diffusion through martensite phase was not 
expected to be active in the more stable 316L steel. Some contribution to hydrogen transport to 
the regions ahead of the crack tip could be expected to occur via the δ-ferrite network, however 
quantification of its effects is difficult. Potential for hydrogen transport by dislocations and via the 
slip band network, discussed earlier in the section, could also have amounted to the expected 
enhancement in hydrogen penetration. 
The hypothesised hydrogen transport with the advancing crack tip can also be related to the 304L 
steel test. Effects in 304L were not seen to reduce, despite nearly an order of magnitude faster 
fatigue crack propagation rates. The presence of martensite in 304L was observed at fatigue crack 
tips in all investigated tests (a map along the fatigue crack in pressure scan test was not obtained) 
and thus it could be postulated that the martensitic network has contributed to the enhanced 
hydrogen transport, although it was not necessary (as observed in 316L).   
Investigation of fracture surfaces obtained during the scanning tests showed ductile fracture 
processes, matching the ambient test of 316L, in both tests in the lower shelf regime as shown in 
Figure 107 and Figure 108 for test A and B, respectively. As expected from the test data, the 
ambient behaviour shifted to hydrogen affected fracture after the transition having similar 
morphology to earlier discussed FCGR tests in high pressure hydrogen. EBSD investigation along 
the crack path in the test A, shown in Figure 129, showed a nearly complete suppression of 
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martensitic transformation after the transition. Fracture was observed to occur prior to 
transformation in the upper shelf region. The negligible presence of martensite after transition 
implies that hydrogen transport could not be facilitated by this phase forming, potentially 
reinforcing the hypothesis of hydrogen transport with the advancing crack process zone. The 
slight reduction in the acceleration factor with increasing pressure (also seen upon inspection of 
the crack growth data) could indicate that the advancing crack could ‘escape’ the saturated zone, 
however the crack growth rates were insufficient for noticeable crack growth rate reduction. 
5.3.9.4 Summary 
While no clear variation of fatigue crack growth acceleration with test pressure was established 
during the discussed scanning tests, some important conclusions were drawn from the obtained 
data. The potential for the existence of a ‘critical’ hydrogen content in the crack process zone was 
indicated by the 316L pressure scan tests. Lack of hydrogen effects even at high test pressures 
indicated that hold times between the steps, coupled with fast crack growth, did not allow 
sufficient time for hydrogen accumulation. 
A hypothesis of hydrogen transport with the advancing crack front was identified, based on the 
results of the scan tests of both materials. A slight reduction in crack growth rates at higher 
pressures (where hold times between the steps were relatively short) implied that the fatigue 
crack could potentially separate from hydrogen saturated zone. While martensite has been 
identified as a potential contributing factor to hydrogen transport in 304L steel, it has not been 
observed in the 316L scan and thus could not be the responsible for enhanced transport in this 
alloy. 
Further testing would offer more insight into the nature of the observed effects. A controlled hold 
time testing would allow for determination of critical exposure time for the activation of these 
effects and to more clearly determine the factors controlling the transition between the lower 
and upper shelf behaviour. Additionally, a reverse transition could be attempted by increasing the 
ΔK (at constant pressure) to ‘escape’ the saturated zone.  
5.3.10 Closing remarks, frequency and pressure scanning testing 
The observations made during pressure scanning tests of 304L and 316L steels, together with the 
frequency scans, showed a great importance of the effects of the test history on the end results. 
Even though the experiments were designed to elucidate the effects of a selected variable 
(pressure or frequency) clear trends were not necessarily observed. The complex nature of 
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hydrogen enhanced damage mechanisms in these materials was observed in the scanning tests, 
necessitating further testing and careful consideration of hydrogen adsorption and transport 
mechanisms in service conditions and the relevance of standard testing protocols in delivering 
appropriate lifing data. 
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Chapter 6: Conclusions and future work 
6.1 Introduction 
An assessment has been carried out of the influence of pressurised hydrogen atmosphere on the 
performance and fracture mechanisms in selected representatives of austenitic stainless steels. 
304L and 316L alloys were tested under monotonic and cyclic loading regimes, at various 
hydrogen pressures and temperatures, in order to determine the effects of environmental 
variables on hydrogen-assisted tensile and fatigue damage. Hydrogen interaction with 
deformation and fracture mechanisms was also assessed in the studied alloys. Methodologies and 
test equipment were developed during the project, which enabled unique experimental data to 
be collected. Furthermore, observations made during the investigation identified important 
factors for consideration during the design of experiments and standardisation of materials 
testing in high pressure hydrogen atmospheres. This chapter summarises the key results and 
conclusions drawn from this analysis and proposes potential further work objectives for the 
continuation of the research in the field, based on the findings presented in the thesis. 
6.2 Conclusions 
Both austenitic stainless steels were characterised in terms of their chemical and microstructural 
composition as well as their baseline tensile and fatigue performance in ambient conditions. Both 
steels were seen to be nearly fully austenitic with small amounts of martensite due to their 
production routes which, together with residual ferrite from solidification, amounted to 
approximately 1.5% volume fraction of non-austenite phases. This initial characterisation revealed 
two important factors for consideration in the research, namely, the low content of Ni in the 
alloys and non-uniform microstructure of both steels. From previous studies, the extent of 
potential hydrogen damage is expected to strongly depend on the Ni content in a given austenitic 
steel. Both of the investigated steels were sourced from standard commercial product and were 
seen to contain the minimum permissible values of Ni (a cost driver for steel production). The 
wide tolerance band for alloying composition of the steels (up to 2% in 304L and 4% in 316L) 
indicates that alloys falling in the same class may greatly vary in terms of hydrogen environment 
embrittlement resistance and this variation must be individually assessed prior to application in 
service.  Thus, simplistic ranking of the broad alloy class as being more or less susceptible or 
resistant to hydrogen environment should be avoided. 
Conclusions and future work 
118 
The microstructural segregation, present in both steels, is also a potential variable controlling HEE 
susceptibility. Both alloys exhibited a banded microstructure with low and high Ni bands and 
elongated ferrite stringers present throughout the microstructure. While the 304L steel deformed 
and fractured uniformly in ambient conditions, 316L was characterised by non-isotropic 
deformation. Its banded fracture, coupled with the presence of secondary cracks in the rolling 
plane, indicated potential routes for enhanced susceptibility to hydrogen environment. 
Tensile testing in high pressure hydrogen environment resulted in loss of measured ductility in 
both alloys, with greater effects seen in the lower Ni 304L steel. Increased hydrogen pressure 
(from 500 to 1000 bar) and reduced testing temperature (from 25˚C to -50˚C) caused an increased 
severity of embrittlement in the tested steels. 316L exhibited more sensitivity to the changes in 
environmental conditions, despite having greater %RA and %EL than 304L in all investigated 
conditions, including ambient air. Increased testing temperature was seen to increase materials 
ductility in hydrogen, although the effects were generally small. 
Both internal and external damage were noted on tensile specimens tested in hydrogen 
environment via a change in fracture face morphology and the appearance of significant cracking 
on specimens’ surfaces. Fracture processes in both steels changed from ductile micro-void 
coalescence observed in ambient conditions to hydrogen induced brittle like fracture, termed 
quasi-cleavage. Cleavage like facets were noted in both specimens, having a generally flat 
appearance with suggestions of rather localised plasticity as the ridges present on the facets 
exhibited some deformation. The appearance of 316L was generally more ductile that 304L, in 
line with its generally higher ductility measurements. 
While the 304L steel fracture surface appeared generally uniform under both air and hydrogen 
atmospheres, 316L tested in hydrogen showed a banded fracture surface in the macro-scale 
(similar to its fracture appearance in air). Metallographic sectioning of the fractured specimens 
revealed potential interaction between this fracture morphology and microstructural banding and 
the presence of ferrite stringers. Secondary cracks on the fracture surface were seen to follow the 
segregation bands in the specimens, causing longitudinal splitting of the specimen, potentially 
enhancing hydrogen transport into the specimen bulk. The cause of such behaviour has been 
attributed to accumulation of hydrogen at microstructural interfaces (FCC γ and BCC α’, δ), having 
greatly different hydrogen transport and solubility properties. This in turn enhances the local 
damage facilitation, potentially through HELP and HEDE mechanisms and facilitates the creation 
of secondary cracks. 
Circumferential cracks were observed on the surfaces of the tensile specimens. The cracks were 
observed to form in both steels in all tests performed in hydrogen. Interestingly, no such cracking 
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was observed in the air tests, which exhibited significant necking and elongation in both steels, in 
line with their good ductility in ambient conditions.  Upon testing in hydrogen, significant surface 
damage was observed, even in the low temperature tests where limited elongation was noted. A 
layer of martensite, expected to form on the specimen surfaces during manufacturing, was 
observed to fracture when exposed to hydrogen, compromising the protective surface oxide 
layer, allowing hydrogen to adsorb and diffuse into the specimen bulk. Cracks were seen to 
propagate inwards, following segregation bands and ferrite stringers, especially in 316L. The 
occurrence of such cracking, coupled with its high abundance resulted in significant enhancement 
of hydrogen adsorption into the microstructure. It was thus concluded that care must be taken 
during design of experiments and specimen manufacturing in order to best represent the 
conditions seen in service, especially the surface condition and preparation processes, since 
previous studies have indicated that resistance to hydrogen embrittlement may be greatly 
improved by removal of any surface martensite layer. The effect of this surface cracking on the 
global ductility measurements is expected to be marked, and some care must be taken in 
assuming that these measurements directly relate to the local characteristics of the deformation 
processes in the materials. 
Martensitic transformation in the bulk, indicated as a potential detrimental factor for austenitic 
steels performance in hydrogen, was seen to occur to a significant extent in both alloys. Ferrite 
number measurements showed a greater content of martensite in 304L than in 316L in the tested 
specimens, as expected as 316L is generally considered a more stable alloy. Significant amounts of 
martensitic transformation could have caused enhanced hydrogen transport in the material, thus 
potentially leading to greater susceptibility of 304L to hydrogen. Direct signs of fracture through 
martensitic regions were not observed in the fractography, although a slight indication of its 
direct participation in fracture processes was noted under 1000 bar hydrogen at -50˚C. 
A 3-point bend loading assembly was designed to fit the 1000 bar hydrogen testing vessel in the 
TWI high pressure hydrogen testing facility.  This also incorporated a heat exchanger allowing for 
direct specimen cooling when testing under hydrogen. Together with the loading equipment, a 
DCPD system was installed to monitor the crack length during the testing. After commissioning 
and optimisation of load control, this novel capability was used to gather fatigue data at high 
hydrogen pressures (greater than 450 bar) and low temperatures allowing for collection of unique 
data in the field.  The design and commissioning of this rig formed a substantive part of the EngD 
programme. 
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The fatigue test programme started with characterisation of the baseline materials performance 
under air. Together with crack propagation data, SEM fractographic analysis and EBSD 
investigation of fatigue crack paths and tips were used to characterise fracture and deformation 
mechanisms to elucidate the effects of hydrogen atmosphere in fatigue. 
In ambient conditions 304L and 316L were both characterised by stable stage II crack propagation 
in the investigated ∆K range. 304L was seen to exhibit slower crack propagation than 316L until 
about 18 MPa√m, where its growth curve exceeded that of 316L. The differences in crack 
propagation rates between the alloys were attributed to strain induced martensite formation in 
the plastic zone, which was observed to occur in greater abundance in 304L steel. The beneficial 
effects of transformation were attributed to enhanced strain hardening and volume expansion 
upon transformation, less of which occurred in 316L due to its greater stability, as observed 
during the tensile tests. While the fracture of both steels in air was of generally ductile 
appearance, features attributed to fracture facilitation by deformation bands was noted in 304L 
which was the result of its planar slip behaviour due to its low SFE.  It was noted that the 
beneficial effects of transformation in the low ∆K in 304L proved detrimental upon testing under 
hydrogen. Similarly, planar slip may also become disadvantageous in hydrogen, due to the 
potential for localised damage via the HELP mechanism, as discussed in the literature review. 
When tested in high pressure hydrogen, both steels showed highly accelerated fatigue crack 
growth rates in the investigated ∆K ranges. Similarly to the tensile tests, 304L was more affected 
in all tested conditions, however it was less sensitive to changing environmental variables. 
Increasing test pressure and reducing temperature amounted to greater fatigue crack growth 
acceleration in both steels, agreeing with the results of the tensile tests. Interestingly, the 
elevated testing temperature has also resulted in increased crack growth rates in both alloys, 
compared to ambient temperature experiments. 
Hydrogen was seen to enhance localised damage phenomena in 304L steel by facilitation of 
fracture at deformation bands in the crack tip region and introduction of microscale plasticity 
features on cleavage-like facets. Abundant, sharp, ridges present on the fracture face appeared 
similarly to ambient conditions in the meso-scale, however were retained through the whole 
investigated ∆K range and were attributed to fracture along slip bands and γ-α’ interfaces. 
Hydrogen accumulating in the deformation bands enhanced local fracture and faster crack 
propagation, which was the main damage mechanism in room temperature testing of 304L steel 
at 450 bar and confirmed that planar slip, although beneficial in ambient conditions, gave rise to 
acceleration of fatigue fracture processes in hydrogen. 316L steel tested in room temperature 
hydrogen environments did not reveal significant changes in fracture morphology compared to 
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ambient conditions. The greater SFE of this steel prevented slip confinement to discrete bands 
and resulted in a more uniform fracture appearance.  
Increase in hydrogen pressure from 450 to 800 bar, resulted in greater crack growth acceleration 
in both steels, although 304L was less sensitive to this change as noted earlier. 304L was seen to 
exhibit less crystallographic fracture character with increasing ∆K showing that significant slip 
localisation and extensive transformation were not necessary for hydrogen enhanced fatigue in 
austenitic stainless steels. The varying sensitivities of the tested steels to increased hydrogen 
pressure were linked to their potentially differing hydrogen transport properties where hydrogen 
transport in 304L was expected to be facilitated by the greater amount of strain induced 
martensite coupled with potential support from dislocations and more planar deformation bands. 
In 316L, embrittlement of ferrite stringers, noted on the fracture surface, was linked to increased 
crack propagation through crack tunnelling and enhancement of hydrogen transport ahead of the 
crack tip. 
Deformation localisation was confirmed by EBSD scans of the crack tip, where it was seen to 
concentrate in a narrow band around the crack tip with reduced martensite evolution present in 
the zone, compared to ambient conditions. It was concluded that early, faster crack propagation 
due to hydrogen occurred prior to accumulation of significant strain in the zone, limiting the 
transformation extent, due to the reduction in fracture strain caused by hydrogen.  
It was difficult to explain the observed acceleration of fatigue crack growth rates upon increase of 
testing temperature from 25 to 50°C in the investigated steels.  Diffusion, enhanced by increased 
temperature, coupled with increase in hydrogen adsorption rates was postulated to contribute to 
the observed effects. It was suggested that martensite and planar slip were not the only 
necessary conditions for hydrogen enhanced fatigue in both alloys, since the expected increase in 
SFE and alloy stability with temperature did not result in reduction in fatigue crack growth rates.  
Significant slip localisation during testing at -50°C was identified as the primary mechanism for 
enhancement of hydrogen damage in both steels. While 304L was less sensitive to temperature 
reduction (due to its already low SFE and stability), 316L showed a significant embrittlement 
severity.  Slip confinement to selected bands caused highly brittle fracture character in both 
alloys, especially at low ∆K, confirming earlier observations of its significant influence in hydrogen 
enhanced fatigue. Strain induced martensite origins in austenitic stainless steels were identified in 
the EBSD scans of the tested alloys. This was observed to nucleate at intersections of coarse slip 
bands and to propagate along the bands in both steels. 
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In all the fatigue tests, crack growth acceleration was not seen to reduce, even at high ∆K levels. 
Despite the significant crack advance speed, hydrogen effects were still dominant in growth rate 
enhancement, possibly implying that hydrogen transport is facilitated by mechanisms other that 
simple diffusion through the microstructure. This was postulated after comparison of hydrogen 
diffusion distance during loading cycle, in the order of tens of nanometres, with crack growth rate 
exceeding 1 µm/cycle in both steels, when hydrogen enhanced fatigue was still evident. Diffusion 
along slip bands as well as dislocation transport were suggested as potential contributing 
mechanisms for increased hydrogen penetration ahead of the advancing crack to facilitate the 
high crack growth acceleration observed at fast crack propagation rates. 
Loading frequency was seen to have little effect on fatigue crack acceleration in the tested alloys. 
In the investigated ∆K and frequency range, only testing in the low regime showed a potential 
effect of greater crack acceleration with reducing frequency, as might be expected. It was 
postulated that testing at ∆K lower than the minimum explored 15 MPa√m would show more 
variation, as potentially too high crack growth rates were already reached by both steels at this 
stress intensity range. It should be noted that this would require significantly increased testing 
times for what is already a challenging fatigue testing set-up.   304L was seen to be characterised 
by a greater ‘threshold’ crack growth rate, compared to 316L, for the frequency effects to 
diminish, indicating that strain induced martensite and other, earlier discussed mechanisms, 
contribute to enhanced hydrogen diffusion in this alloy. A potential influence of loading 
characteristics on crack growth rates in hydrogen was observed in the frequency scanning tests. 
The constant ∆K crack growth rates at 1 Hz were seen to be faster that the rates obtained in the 
increasing ∆K full fatigue tests however the causes for such behaviour were not determined, and 
could be linked to test history effects.  
Pressure scanning testing of 304L steel showed an unexpected saturated behaviour of this steel. 
High crack growth acceleration, invariant with pressure, was noted during the test with the 
growth rates at all tested pressures agreeing with rates measured in fatigue testing at 800 bar.  It 
was postulated that saturation of the crack process zone with hydrogen was established during 
the testing and was maintained throughout each growth increment at increasing test pressures. 
Two possible mechanisms have been identified as the potential causes of such behaviour. Due to 
convergence of crack growth curves observed in fatigue tests, hydrogen effects in 304L steel could 
have saturated at ∆K levels investigated in the pressure scan test. The second potential 
mechanism has been identified as hydrogen adsorption and accumulation along the crack tip and 
its transportation with the advancing crack, although such behaviour would require significant 
hydrogen transport speed and cannot be reviewed without further testing. 
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316L exhibited two types of behaviour during pressure scanning, where crack growth rates were 
confined to lower or upper shelves. In the lower shelf increasing hydrogen pressure was not seen 
to accelerate the growth rates, even when tested at 450 bar. After transition to the upper shelf, 
crack growth rates were seen to be generally similar and invariant of pressure and lie near the 
crack growth curve obtained at 800 bar. The importance of test history was observed as in two 
different tests where the transition occurred after prolonged exposure to hydrogen at 200 or 450 
bar (with time of exposure seeming more important than the pressure). Retention of the ambient 
crack growth rates in high-pressure hydrogen confirmed that critical hydrogen saturation is first 
necessary for activation of its effects in 316L, which was achieved after prolonged exposure to the 
environment. As for 304L, full elucidation of the mechanisms of high crack acceleration in the 
upper shelf needs to be informed by further testing. While a potential saturation effect of 
hydrogen could occur near a ∆K of 25 MPa√m (at room temperature), the slight reduction in 
acceleration during consecutive steps during the pressure scan could indicate a potential escape 
of the crack tip process zone from the saturated zone.   
6.3 Summary 
The completed research work gives an important insight into the mechanistic aspects of hydrogen 
enhanced fatigue of austenitic stainless steels and loss of ductility during tensile testing in high 
pressure hydrogen atmospheres. Damage phenomena were linked to intrinsic material properties 
such as deformation modes and phase stability as well as transformation properties. Beneficial 
effects of martensitic transformation and planar slip observed in ambient conditions were seen to 
lead to increased susceptibility to hydrogen enhanced fatigue, however these were not seen as 
necessary conditions for embrittlement. While some of the effects of hydrogen on fracture were 
clear, not all of the mechanisms were fully identified, especially in 316L steel. This alloy was seen 
to fracture in mixed modes with brittle and ductile features cohabiting the fracture surfaces. The 
effects of environmental variables were reviewed and discussed in the thesis and formed an 
important part of the investigation. While the FCGR testing resulted in clear effects on the 
behaviour of the materials, the unexpected results of the pressure scanning tests also indicate the 
great importance of exposure times on the behaviour of the investigated steels and indicates the 
course of suggested future work on these materials. 
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6.4 Key findings 
Conclusions based on the tensile testing programme are summarised below; 
• Commercially available products have a wide tolerance bands of permissible alloying 
composition. Since resistance to HEE is strongly dependent on %Ni content, materials 
falling into the same alloy class may perform quite differently in hydrogen. Testing of 
particular compositions is thus advisable to ensure correct material selection for intended 
application in hydrogen environment. 
• Non uniform deformation has been identified as a potential detrimental factor for HEE 
resistance. Care must thus be taken during material selection for high pressure hydrogen 
applications since material processing routes may have a detrimental influence on 
ductility in hydrogen environment. 
• High pressure hydrogen was seen to cause significant ductility losses in both studied 
steels. While 316L was seen to be less affected in all tested conditions, it was also more 
sensitive to increase in gas pressure and reduction in test temperature than 304L. 
Elevated temperature, on the other hand, resulted in less severe embrittlement of both 
alloys. 
• Hydrogen assisted fracture in 304L and 316L steels was characterised by brittle-like 
appearance, termed quasi cleavage. Parting of twin boundaries and splitting along 
martensitic regions were noted in hydrogen environments implicating potential 
weakening of α’-γ boundaries due to hydrogen concentration. 
• Weakening of microstructural interfaces has facilitated the creation of secondary cracks in 
the tensile tested specimens. Non uniform deformation (strain incompatibility) coupled 
with accumulation of hydrogen at the interfaces results in localised damage and initiation 
of cracks that enhance hydrogen transport into the specimen bulk.  
• Presence of a martensite-rich surface layer may increase the deterioration of tensile 
performance of austenitic stainless steels in hydrogen atmosphere. Its embrittlement, 
concurrent with fracture of oxide-rich surface layer produces atomically clean surfaces for 
hydrogen to adsorb and diffuse into the microstructure. The significant cracking, coupled 
with its interaction with microstructural segregations was identified as a potential route 
for initiation of fracture in the tensile specimens. Such behaviour implied great 
importance of surface and subsurface microstructure on ductility in hydrogen which has 
to be considered during component design and manufacturing for service.  Simplistic 
assumptions about relative ease of deformation processes based on these global ductility 
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measurements need to recognize the effect of the secondary cracking on the 
measurements, and care must be taken in using such values in local materials models. 
• Martensite content in the tested specimens was seen to be proportional to their loss of 
ductility. While a direct link between fracture processes and these martensite regions was 
not observed, with only slight indication of fracture through its regions noted in -50 ˚C 
tests, it was postulated that its presence enhanced hydrogen transport through the 
microstructure leading to greater damage.  
Conclusions based on the fatigue testing programme are summarised below; 
• In fatigue at ambient conditions, the presence of martensite and planar slip processes in 
304L steel were identified as potential beneficial factors in retarding fatigue crack 
propagation at low ∆K.  These phenomena, being intrinsic characteristics of deformation 
of these austenitic stainless steels, were identified as potential factors for increased 
susceptibility to hydrogen enhanced fatigue and were explored during the fatigue testing 
programme. 
• A high-pressure hydrogen environment was seen to greatly accelerate fatigue crack 
growth rates in both 304L and 316L steels. 304L was more affected in all tested 
conditions, although it showed signs of possibly saturated behaviour. 316L displayed 
smaller overall effects of hydrogen embrittlement and was more sensitive to increases in 
severity of the test conditions (increased pressure, reduced temperature). 
• In the low Ni 304L steel, hydrogen was seen to facilitate damage propagation along 
deformation bands and introduced microscopic plasticity features on quasi cleavage 
facets. This behaviour was consistent with the HELP mechanism, introduced in the 
literature review chapter. Potential weakening of microstructural interfaces was 
observed, further reinforcing the hypothesis of hydrogen enhanced localised plasticity. 
• It was difficult to attribute the hydrogen-assisted fracture phenomena of 316L in room 
temperature hydrogen to a single embrittlement mechanism. Its more diffuse slip and 
stability resulted in a more uniform fracture surface with no characteristic alignment 
relationship as seen in 304L. It was noted that ferrite stringers led to accelerated 
hydrogen transport ahead of the crack tip, similarly to the martensite formation in 304L, 
both processes enhancing hydrogen damage in the crack tip process zone. 
• Increased hydrogen pressure resulted in greater crack growth acceleration in both steels. 
Greater hydrogen adsorption, proportional to gas pressure, resulted in enhanced damage 
severity in both steels. It was postulated that 316L was more sensitive to pressure 
increase than 304L, due to the slower hydrogen transport ahead of the crack tip and thus 
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reliance on its greater availability for pickup by ferritic bands and martensitic zones, which 
formed less frequently in this more stable alloy. 
• Both elevated and reduced testing temperatures had noticeable influence on fatigue 
crack growth rates in the studied steels. Testing in at -50oC in 450 bar hydrogen resulted 
in significant increases in crack propagation rates, agreeing with previous literature. The 
increased test temperature also resulted in hydrogen enhanced fatigue, contradicting the 
results of the tensile tests which showed reduced hydrogen effects.  Increased slip 
planarity and martensite evolution were identified as contributing factors to greater crack 
acceleration at low temperatures, however these were not identified as necessary 
conditions for hydrogen enhanced fatigue, since acceleration was also seen in the test 
performed at 50oC. 
• Strain induced martensitic transformations were identified during the EBSD scans of 
fatigue cracks obtained at -50oC tests. Intersections of coarse slip bands were seen to be 
inhabited by martensitic embryos, agreeing with published literature. Transformation was 
observed to propagate primarily along the bands. 
• Loading frequency was not seen to strongly influence the crack growth acceleration in the 
investigated range.  It was postulated that the crack advance velocities (in the time 
domain) were already too fast for significant effects to be noted and only slight effects 
were noted at the lowest investigated ∆K range in both alloys, going from 1 to 0.1 Hz.   
• Results of the pressure scanning tests of both steels were partially inconclusive due to the 
strong effects of test history. 304L exhibited saturated behaviour with consistently high 
crack growth rates observed at all explored pressures, following the 800 bar growth rate 
curve.  316L behaviour was confined to lower and upper shelves of crack growth rates. No 
hydrogen effects were noted in the low growth regimes even at 450 bar. Following a 
prolonged exposure to hydrogen, transition to the upper shelf was noted with significant 
acceleration of crack growth rates. Hydrogen adsorption during this exposure was seen to 
trigger the acceleration, which was retained through the pressure steps that followed. 
6.5 Further work 
The collected data and fractographic evidence have given insight into the mechanistic aspects of 
hydrogen enhanced fatigue and loss of ductility in austenitic stainless steels. The identified 
mechanisms could be further explored by completion of additional testing and analysis of these 
specimens. Furthermore, not all of the tests were useful in assessment of particular aspects of 
hydrogen enhanced fatigue, such as the frequency scanning, or showed very important results 
that need further investigation, such as the unexpected pre-exposure results of the pressure 
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scanning experiments. This section suggests areas that can be targeted in future work to provide 
better understanding of the microstructural mechanisms of hydrogen damage and further explore 
the influence of time and environmental variables in fatigue of these steels in hydrogen. 
While the tensile testing programme resulted in clear effects of hydrogen atmosphere on the 
global measures of ductility of these steels, the significant surface cracking of both materials 
demands further exploration. During service in high pressure hydrogen atmospheres the 
protective layer of chromium oxides present on material surface would present a barrier to 
hydrogen adsorption and transport into the material bulk. Disruption of this layer during straining 
in a non-oxidising atmosphere allows for easy hydrogen adsorption on the atomically clean 
surfaces, greatly enhancing its ingress into the microstructure. The observed cracks, forming due 
to embrittlement of martensite rich surface layer, were identified as the “premature” fracture 
origins of the tested specimens and their creation should be investigated to give more insight into 
potential failure origins for components in service (e.g. a possible fatigue initiation process). The 
critical surface cracking strain could be determined with interrupted tensile testing. Should the 
cracks form prior to macroscopic yield of the specimen it may be necessary to review the design 
methods of components for service in pure hydrogen atmospheres and for example to suggest 
post machining heat treatment, preventing crack nucleation in the hard surface layer of the 
component. 
Design of components for high pressure hydrogen service, based on the data gathered from 
tensile and fatigue data, needs to be based on experiments truly representative of service 
conditions of the designed part. Strong effects of test history on the end result, seen in the 
pressure scanning tests, need to be reviewed in more detail. During pressure scanning tests of 
both steels it was found that the test execution method greatly influenced the resultant fatigue 
crack growth rates, if the materials were exposed to hydrogen for prolonged periods of time. 
Results of the 316L pressure scanning tests showed this peculiar effect, where no hydrogen 
interaction with crack propagation was observed even in 450 bar hydrogen and prolonged 
exposure to atmosphere introduced a noticeable transition to a more severe crack acceleration 
state. The results of these experiments showed that the end result of the testing may be strongly 
affected by the test setup and consequently, the data obtained in a standard FCGR test may not 
be conservative. Investigation of the mechanisms controlling this effect would further enhance 
the understanding of the time dependent effects of hydrogen enhanced fatigue of austenitic 
steels. 
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Further examination of other time dependency effects would also be required to provide greater 
insight into hydrogen enhanced fatigue in the time domain. Loading frequency effects were not 
fully explored in the frequencies considered and should be explored in the continuation of the 
research work. While it may be challenging to review the effects of frequencies lower than the 
investigated 0.01 Hz, due to test duration and loading control, testing utilizing trapezoidal 
waveforms may mitigate some of the issues. Composite loading regimes, where fast frequency 
steps would separate the dwell loading periods, could be used to escape the test history effects 
seen in the pressure scanning tests, and determine the critical exposure time, and hence 
frequency, for hydrogen effect activation. 
The second important observation made during the pressure scanning testing of 316L was an 
indication of reducing crack growth acceleration in pressure steps that followed the transition to 
the upper shelf, despite the increasing gas pressure between the consecutive growth steps. 
Systematic investigation is suggested to verify whether it is possible for the crack tip process zone 
to ‘escape’ the critical hydrogen saturation zone and no longer be primarily affected by the 
testing atmosphere. While in FCGR tests, even at high ∆K values, reduction of crack growth rates 
was not observed, further experimentation could reveal this hypothetical ‘cut-off’ with crack 
advance speed. 
Investigation of the activation of hydrogen effects would also determine the relevant size of the 
crack tip process zone, where hydrogen effects are controlling the crack propagation rate.  
Characterisation of the critical hydrogen penetration depth would allow for better understanding 
of hydrogen interaction with the microstructure and, with help of EBSD imaging, assessment of 
susceptibility of certain microstructural features (grain boundaries, twins, martensite embryos) to 
hydrogen damage. Features contributing to accelerating cracking could be identified to better 
understand the micromechanical aspects of hydrogen enhanced fatigue of the studied materials. 
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Tables 
Temperature [K] SFE, no hydrogen [mJ/m
2
] SFE, hydrogen [mJ/m
2
] Change 
77 19.5 11.5 -41% 
206 25.7 15.6 -39% 
293 30.4 19.2 -37% 
Table 1 SFE dependency on temperature and hydrogen presence in 304 austenitic steel, after [89]. 
 
Alloy ∆K [MPa√m] Hardness  e- channelling Micrograph Theoretical 
301 38 3.6 3.1 3.1 3.5 
301 54 >5 7.6 6.6 7 
302 38 3.8 >4.1 3.6 4.3 
302 54 >5 5.6 9 8.7 
Table 2 comparison of plastic zone size measurements (in mm) in 301 and 302 steels obtained by 
Schuster [66] with theoretical prediction of Rice [72] for specimens tested in Argon at 
room temperature. 
 
Alloy ∆K [MPa√m] Environment Hardness e- channelling Micrograph 
301 38 Ar 3.6 3.1 3.1 
 H2 1.7 1.1 2.1 
301 54 Ar >5 7.6 6.6 
 H2 3 4.6 6.6 
302 38 Ar 3.8 >4.1 3.6 
 H2 2.8 1.8 2.6 
302 54 Ar >5 5.6 9 
 H2 5 5.6 5.5 
Table 3 Plastic zone size measurements (in mm) in 301 and 302 steels tested in Argon and 
Hydrogen atmospheres reported by Shuster [66]. 
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No. Material Temperature [°C] H Pressure [ bar] 
1 304L RT NONE 
2 316L RT NONE 
3 304L RT 500 
4 316L RT 500 
5 304L RT 1000 
6 316L RT 1000 
7 304L 50 500 
8 316L 50 500 
9 304L -50 1000 
10 316L -50 1000 
Table 4 Test matrix A: tensile testing of selected austenitic stainless steels. 
 
No. Material Temperature [°C] H Pressure [ bar] Frequency [ Hz] 
1 304L RT NONE 1 
2 316L RT NONE 1 
3 304L RT 450 1 
4 316L RT 450 1 
5 304L RT 800 1 
6 316L RT 800 1 
7 304L 50 450 1 
8 316L 50 450 1 
9 304L -50 450 1 
10 316L -50 450 1 
11 304 RT 450 SCAN 
12 316L RT 450 SCAN 
13 304L RT SCAN 1 
14 316L RT SCAN 1 
15 316L RT SCAN 1 
Table 5 Test matrix B: fatigue testing of selected austenitic stainless steels.  
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Material Element, % 
C Cr Ni Mo Mn Si N P S Cu Ti 
304L 0.022 18.2 7.9 0.12 1.44 0.43 0.063 0.021 0.005 0.15 <0.005 
316L 0.017 16.7 10.1 2.01 1.22 0.36 0.035 0.029 0.003 0.35 0.008 
 
 Al As B Co Nb Pb Sn V W Ca  
304L <0.01 <0.005 0.002 0.04 <0.01 <0.002 0.006 0.11 <0.05 <0.001  
316L <0.01 0.017 0.001 0.21 0.02 <0.002 0.010 0.06 <0.05 <0.001  
Table 6 Chemical composition of the studied 304L and 316L alloys. 
 
Material Element, % 
C Cr Ni Mo Mn Si 
max. range range range max. max. 
304 0.08 18-20 8-12 ------- 2 1 
316 0.08 16-18 10-14 2-3 2 1 
Table 7 Composition requirements for 304 and 316 stainless steels[90], ‘L’ describes low carbon 
grades. 
 
Environment P [ bar] T [°C] 0.2% Yield [MPa] UTS [MPa] 
 304 316 304 316 
Air 1 25 252 303 743 646.9 
Hydrogen 1000 25 230 310 547.2 607.5 
Hydrogen 500 25 260 312 595 629.3 
Hydrogen 1000 -50 320 366 483.1 711.7 
Hydrogen 500 +50 239 305 543.1 585.5 
Table 8 Tensile test results of 304L and 316L alloys tested in various atmospheres, pressures and 
temperatures. 
 
Environment P [ bar] T [˚C] %RA %EL 
 304 316 304 316 
Air 1 25 67.41 73.89 72.52 74.72 
Hydrogen 1000 25 23.35 43.15 31.75 56.34 
Hydrogen 500 25 26.78 62.98 32.84 65.19 
Hydrogen 1000 -50 8.64 19.83 9.18 27.47 
Hydrogen 500 +50 34.5 67.48 37.18 62.28 
Table 9 Ductility measures of tensile test results of 304L and 316L alloys tested in various 
atmospheres, pressures and temperatures.  
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Pressure da/dN ∆K ∆K range Paris coeff. Cor. da/dN Cor. Accel. 
200 2.29E-03 25.6 25.1 – 26 4.50E-08 2.06E-03 6.88 
300 2.37E-03 26.2 25.9 – 26.4 4.37E-08 2.00E-03 6.65 
400 2.42E-03 26.6 26.4 – 26.8 4.19E-08 1.92E-03 6.42 
450 2.72E-03 27.1 26.8 – 27.5 4.36E-08 2.00E-03 6.74 
500 2.85E-03 27.8 27.5 – 28.1 4.20E-08 1.92E-03 6.54 
700 3.21E-03 28.6 28.2 – 29 4.26E-08 1.95E-03 6.71 
800 3.45E-03 29.4 29 – 30 4.06E-08 1.86E-03 6.52 
1000 3.85E-03 30.5 30 – 31.1 4.13E-08 1.89E-03 6.45 
Table 10 Summary of pressure scanning data of 304L steel. 
 
Pressure da/dN ∆K ∆K range Paris coeff. Cor. da/dN Cor. Accel. 
200 1.54E-04 25.3 25 – 25.6 5.59E-09 1.48E-04 1.22 
300 3.56E-04 25.6 25.4 – 25.8 1.25E-08 3.30E-04 2.73 
400 4.12E-04 25.8 25.7 – 26 1.41E-08 3.71E-04 3.07 
450 4.26E-04 26 25.9 – 26.2 1.42E-08 3.74E-04 3.10 
500 4.48E-04 26.3 26.1 – 26.4 1.45E-08 3.82E-04 3.17 
700 4.08E-04 26.5 26.3 – 26.7 1.28E-08 3.38E-04 2.80 
800 4.01E-04 26.8 26.6 – 27 1.22E-08 3.21E-04 2.66 
1000 4.06E-04 27.2 26.9 – 27.5 1.18E-08 3.12E-04 2.58 
Table 11 Summary of pressure scanning data of 316L steel, test ‘A’. 
 
Pressure da/dN ∆K ∆K range Paris coeff. Cor. da/dN Cor. Accel 
200 1.37E-04 25.2 24.9 – 25.4 5.06E-09 1.34E-04 1.10 
300 1.35E-04 25.5 25.3 – 25.7 4.83E-09 1.27E-04 1.05 
400 1.42E-04 25.7 25.5 – 25.9 4.94E-09 1.30E-04 1.08 
450 1.56E-04 25.9 25.7 – 26.1 5.29E-09 1.40E-04 1.16 
500 4.29E-04 26.2 26 – 26.5 1.40E-08 3.69E-04 3.06 
700 4.56E-04 26.6 26.3 – 26.7 1.43E-08 3.77E-04 3.12 
800 4.53E-04 26.8 26.6 – 27 1.37E-08 3.62E-04 3.00 
1000 4.61E-04 27.3 27 – 27.6 1.33E-08 3.50E-04 2.90 
Table 12 Summary of pressure scanning data of 316L steel, test ‘B’. 
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Pressurize to (pressure) [ bar] Time [minutes] 
200 33  
300 7 
400 7 
450 5 
500 5 
700 13 
800 6 
1000 10 
Table 13 Hold time data for 304L steel pressure scanning test. 
 
Pressurize to (pressure) [ bar] Time [minutes] 
200 30 (approximate) 
300 9 
400 40 
450 10 
500 7 
700 10 
800 9 
1000 9 
Table 14 Hold time data for 316L steel pressure scanning test ‘A’. 
 
Pressurize to (pressure) [ bar] Time [minutes] 
200 30 (approximate) 
300 3 
400 7 
450 5 
PAUSE -------------------- 
500 34 
700 11 
800 25 
1000 10 
Table 15 Hold time data for 316L steel pressure scanning test ‘B’. 
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Figures 
 
Figure 1 TEM image of dislocation pile-up in 310 steel showing reduction in dislocation spacing 
upon introduction of hydrogen atmosphere (black-no hydrogen, white-hydrogen 
atmosphere). Source: [11], reprinted with permission. 
 
 
Figure 2 Measured dislocation separation distance in vacuum and hydrogen environments 
(dislocation numbers consistent with Figure 1). Source: [11], reprinted with 
permission. 
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Figure 3 Deformation structure evolution with stress in 304 steel. Source: [21], reprinted with 
permission. 
 
 
Figure 4 Transformation of austenite to ε martensite and nucleation of α’ martensite in 304 steel 
(57% tensile strain). Source: [21], reprinted with permission. 
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Figure 5 Schematic of pseudo-hydride formation during charging of austenitic steel. Based 
on: [40]. 
 
Figure 6 Appearance of side surfaces of fractured 310 steel tensile samples, hydrogen free (left) 
and hydrogenated to 2.7 at. % H (right). Drawing based on figure from: [36]. 
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Figure 7 Stress-strain curve of hydrogen free sample tested with 3 reloading phases (A- immediate 
reloading, B- reloading after 10 minutes, C- reloading after 1 hour). Reproduced using 
data from: [36]. 
 
Figure 8 Stress-strain curve of hydrogenated sample tested with 3 reloading phases (A- immediate 
reloading, B- reloading after 10 minutes, C- reloading after 1 hour), increased yield 
strength attributed to flow localization. Reproduced using data from: [36].  
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Figure 9 Schematic of AIDE mechanism with alternate slip causing crack advance. Source: [58], 
reprinted with permission. 
 
Figure 10 Microhardness profiles obtained normal to the fatigue crack in 301 (left) and 302 (right) 
steel specimens after testing in Argon and Hydrogen. Reproduced using data from: [66]. 
0
100
200
300
400
500
0 2 4 6
H
a
rd
n
e
ss
 [
D
P
H
]
Distance [mm]
301 steel
Argon
Hydrogen
0
100
200
300
400
500
0 2 4 6
Distance [mm]
302 steel
Argon
Hydrogen
Figures 
140 
 
Figure 11 Hydrogen distribution in 304, 316 and 316L austenitic stainless steels subject to 
cathodic hydrogen charging. Source: [17], reprinted with permission. 
 
 
Figure 12 Hydrogen content distribution in 304 austenitic stainless steel subject to superficial 
(cathodic) and entire (gaseous) hydrogenation. Source: [48], reprinted with 
permission. 
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Figure 13 Fatigue crack growth rate behaviour of 304 austenitic steel near threshold. 
Hydrogen/argon pressure maintained near 1 atm. Source: [67], reprinted with 
permission.  
 
Figure 14 Fatigue sample design and crack starter detail. Source: [63], reprinted with permission. 
 
Figure 15 Crack development during fatigue testing of alloys 304 (left) at 1.2 Hz, 316 (centre) at 
1.2 Hz and 316L (right) at 5 Hz. Source: [63], reprinted with permission. 
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Figure 16 Micrographs of the crack propagating from initiating hole in uncharged sample (2.2 ppm 
H, σ=280 MPa, N=10500), left, and charged sample (3.7 ppm H, σ=280 MPa, N=5500), 
right, (9), 304 austenitic steel. Source: [63], reprinted with permission. 
 
 
Figure 17 Development of martensite content with increasing stress intensity factor in 304, 316 
and 316L austenitic steels. Source: [63], reprinted with permission. 
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Figure 18 Frequency influence on fatigue of charged 304 steel (top) and 316L grade (bottom). 
Source:  [3], reprinted with permission. 
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Figure 19 Fatigue crack growth rate development with increasing stress intensity of 316L steel at 
various frequencies and hydrogen content levels. Source: [64] (original quality), 
reprinted with permission. 
 
 
Figure 20 Schematic of strain induced martensite effect on diffusion of hydrogen into the crack 
region. Source: [17], reprinted with permission. 
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Figure 21 Fatigue crack growth rates for 301 (left) and 302 (right) austenitic stainless steels tested 
in various atmospheres. Reproduced using data from: [66]. 
 
Figure 22 Effect of test temperature on fatigue crack growth behaviour in 301 austenitic steels 
variant A (left) and B (right). Source: [69], reprinted with permission. 
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Figure 23 Fatigue acceleration factor and strain induced martensite content variation with testing 
temperature in 301 austenitic steel, sample A (top) and B (bottom). Source: [69], 
reprinted with permission.  
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Figure 24 Computationally calculated hydrogen distribution in 304L steel subject to two different 
hydrogen charging approaches. Source: [62], reprinted with permission. 
 
 
Figure 25 S-N curves of hydrogenated and hydrogen-free 304L steel. Source:  [62], reprinted with 
permission. 
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Figure 26 Surface cracks and martensite phase in 304L austenitic steel subject to hydrogenation at 
room temperature, martensite phase indicated with arrows. Source: [62], reprinted 
with permission.  
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Figure 27 Hydrogen distribution in 304 and 316L austenitic steels subject to different 
hydrogenation approaches, calculated entire hydrogenation values shown.  
 Source:  [48], reprinted with permission.  
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Figure 28 Fatigue crack growth curves for 304 (top) and 316L austenitic steels (bottom) subject to 
superficial and entire hydrogenation processes. Source: [48], reprinted with 
permission.  
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Figure 29 AFM images of fatigue cracks in 304 (a, b) and 316L (c, d) steels in uncharged and 
superficially-hydrogenated states. Source: [48], reprinted with permission. 
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Figure 30 Effect of hydrogen content on crack growth rate in 304 austenitic stainless steel.  
 Source: [65], reprinted with permission.  
 
 
Figure 31 Effect of testing frequency on fatigue crack growth in hydrogenated 304 austenitic steel. 
Source: [65], reprinted with permission.  
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Figure 32 SEM images of transgranular (top) and intergranular (bottom) fracture in superficially 
charged 304L austenitic steel. Source: [62], reprinted with permission. 
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Figure 33 Fatigue striation profiles in uncharged (1.5 Hz, 2.2 ppm. H), left, and charged (1.5 Hz, 6.7 
ppm. H), right, specimens of 304 steel. Source: [3], reprinted with permission.  
 
 
 
Figure 34 Orientation of tensile and SENB specimens in the parent material plates (not to scale), 
arrow indicates the rolling direction of the plate.  
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Figure 35 OES samples of 304L and 316L. The investigated plane is formed by transverse and 
short-transverse plate directions. 
 
Figure 36 Tensile test specimen. 
 
Figure 37 SENB fatigue specimens tested in hydrogen after EDM sectioning. In pairs: cleaned with 
acetone (left) and as received (right).  
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Figure 38 Comparison of fatigue fracture face after EDM sectioning (top) and after treatment with 
GARDACID ® cleaning agent (bottom), damage due to cleaning was not observed.  
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Figure 39 Orientation of the fatigue crack section with respect to pole piece in the EBSD. Shaded 
areas were removed for minimisation of the working distance during scanning. 
 
Figure 40 General layout and SENB test arrangement in 450 bar hydrogen.  
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Figure 41 General layout and test space (setup for tensile testing) of 1000 bar hydrogen 
testing facility. 
 
Figure 42 1000 bar hydrogen compression unit.  
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Figure 43 Spring energised seal suffering from spring fracture due to exposure to hydrogen gas at 
low temperatures. 
 
Figure 44 Fatigue testing apparatus setup for commissioning test together with DCPD system. 
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Figure 45 Composite micrograph of 304L alloy, 20x magnification with principal axis shown (L-
longitudinal, T-transverse, ST-short transverse). L- parallel to rolling direction, ST - 
plate through thickness direction.  
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Figure 46 Composite micrograph of 316L alloy, 20x magnification with principal axis shown (L-
longitudinal, T-transverse, ST-short transverse). L - parallel to rolling direction, ST - 
plate through thickness direction. 
  
100 µm 
L 
T 
ST 
Figures 
162 
Figure 47 SEM photograph of the area subject to EDS study of 316L steel, 500x magnification, 
20kV acceleration voltage. Points no. 10 and no. 25 indicated by arrows. 
Figure 48 SEM photograph of the area subject to EDS study of 304L steel, 500x magnification, 
20kV acceleration voltage. Point no. 3 indicated by arrow.  
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Figure 49 Profile of %Ni and %Cr content acquired by the EDS line scan, 316L alloy, parent plate 
central location, scan along the ST direction. 
 
 
Figure 50 Profile of %Ni and %Cr content acquired by the EDS line scan, 304L alloy, parent plate 
central location, scan along the ST direction.  
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Figure 51 Load-displacement traces of 304L and 316L steel tensile specimens tested to fracture in 
ambient conditions.  
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Figure 52 Load-displacement traces of 304L and 316L steel tensile specimens tested to fracture in 
1000 bar hydrogen at room temperature.  
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Figure 53 Load-displacement traces of 304L and 316L steel tensile specimens tested to fracture in 
500 bar hydrogen at room temperature.  
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Figure 54 Load-displacement traces of 304L and 316L steel tensile specimens tested to fracture in 
1000 bar hydrogen at -50°C.   
0.0
2.0
4.0
6.0
8.0
10.0
12.0
14.0
16.0
0.0 5.0 10.0 15.0 20.0 25.0 30.0
Lo
ad
, 
 
kN
Displacement, mm
304L, 1000 bar hydrogen, -50C
0.0
2.0
4.0
6.0
8.0
10.0
12.0
14.0
16.0
0.0 5.0 10.0 15.0 20.0 25.0 30.0
Lo
ad
, 
 
kN
Displacement, mm
316L, 1000 bar hydrogn, -50C
Figures 
168 
 
  
Figure 55 Load-displacement traces of 304L and 316L steel tensile specimens tested to fracture in 
500 bar hydrogen at 50°C.   
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Figure 56 Macroscopic view of fracture face of 304L alloy sample tested in air at 1 bar, 25°C. 
 
 
Figure 57 Macroscopic view of fractured sample of 304L alloy tested in air at 1 bar, 25°C.  Side 
view (left) and 45˚ view (right) presented.  
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Figure 58 Macroscopic view of fracture face of 316L alloy sample tested in air at 1 bar, 25°C. 
 
 
Figure 59 Macroscopic view of fractured sample of 316L alloy tested in air at 1 bar, 25°C.  Side 
view (left) and 45˚ view (right) presented.  
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a)1000 bar H2, 25°C 
 
 
b) 500 bar H2, 25°C 
  
c) 1000 bar H2, -50°C 
  
d) 500 bar H2, 50°C 
Figure 60 Fracture faces of 304L alloy samples tested in hydrogen atmospheres at various 
conditions, a) 1000 bar, 25°C, b) 500 bar, 25°C, c) 1000 bar, -50°C, d) 500 bar, 50°C. 
Side view (left) and 45˚ view (right) presented.  
Figures 
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a)1000 bar H2, 25°C 
  
b) 500 bar H2, 25°C 
  
c) 1000 bar H2, -50°C 
  
d) 500 bar H2, 50°C 
Figure 61 Fracture faces of 316L alloy samples tested in hydrogen atmospheres at various 
conditions, a) 1000 bar, 25°C, b) 500 bar, 25°C, c) 1000 bar, -50°C, d) 500 bar, 50°C. 
Side view (left) and 45˚ view (right) presented.  
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Figure 62 SEM overview of fracture faces of 304L (top) and 316L (bottom), tested in ambient 
atmosphere and conditions. 50x overview, 500x inset.  
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Figure 63 Microstructure of 316L steel at 50x magnification, optical microscopy of etched 
metallographic sample oriented on T x ST plane. Rolling direction into the picture 
plane.  
T 
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Figure 64  (Top) Possible mechanism of macroscopic secondary crack formation in 316L sample 
tested in air due to segregates’ delamination (white). Red lines indicate bridging 
cracks joining the dispersed splitting regions. (Bottom) SEM overview of macroscopic 
secondary crack.  
10 µm 
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Figure 65 Fracture of 304L steel in high pressure hydrogen atmospheres at room temperature. 
Top-500 bar, bottom-1000 bar.  
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Figure 66 Fracture of 316L material in 1000 bar (top) and 500 bar (bottom) hydrogen at room 
temperature.  Example areas of brittle-like (top) and ductile (bottom) failure shown. 
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Figure 67 Fracture of 304L (top) and 316L (bottom) steels in 1000 bar hydrogen at -50˚C.  
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Figure 68 1000x magnification of flat features on 304L steel sample fracture surfaces tested in 
1000 bar hydrogen at -50˚C. Areas of suspected twin-boundary fracture indicated by 
arrows. 
 
Figure 69 Fracture of 304L steel in 500 bar hydrogen at elevated temperature 50°C.  
Figures 
180 
 
Figure 70 Fracture of 316L steel in 500 bar hydrogen at elevated temperature 50°C. 
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304L, Air, RT 
 
304L, 1000 bar hydrogen, RT 
 
304L, 500 bar, RT 
 
304L, 1000 bar, -50°C 
 
304L, 500 bar, 50°C 
Figure 71 Sections of 304L steel tensile specimens.  
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316L, Air, RT 
 
316L, 1000 bar hydrogen, RT 
 
316L, 500 bar hydrogen, RT 
 
316L, 1000 bar, -50°C 
 
316L, 500 bar, 50°C 
Figure 72 Sections of 316L tensile specimens.  
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Figure 73 Secondary cracking in tensile specimen of 304L steel tested in 1000 bar hydrogen at 
room temperature. 
 
Figure 74 Primary cracking on gauge surface of 304L steel specimen tested in 1000 bar hydrogen 
at room temperature.  
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Figure 75 Primary and secondary cracking in 304L steel specimen tested in 500 bar hydrogen at 
room temperature. 
 
 
Figure 76 Primary and secondary cracking in 304L steel specimen tested in 1000 bar hydrogen 
at -50°C. 
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Figure 77 Primary and secondary cracking in 304L steel specimen tested in 500 bar hydrogen at 
50°C. 
 
Figure 78 Secondary cracking on fracture face of 316L steel specimen tested in air at room 
temperature.  
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Figure 79 Primary and secondary cracking in tensile specimen of 316L steel tested in 1000 bar 
hydrogen at room temperature. 
 
Figure 80 Secondary cracking on fracture face of 316L steel specimen tested in 500 bar hydrogen 
at room temperature.  
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Figure 81 Secondary cracking on fracture face of 316L steel specimen tested in 1000 bar hydrogen 
at -50°C. 
 
Figure 82 Secondary cracking on fracture face of 316L steel specimen tested in 500 bar hydrogen 
at 50°C.  
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Figure 83 Macroscopic view of fracture face of 316L alloy sample tested in air at 1 bar, 25°C, with 
noticeable anisotropic deformation in the necked region.  
 
 
Figure 84 Example of primary cracking on surface of 316L steel specimen tested in 1000 bar 
hydrogen at room temperature. Martensitic regions indicated with arrows.  
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Figure 85 Magne-Gage measurement of FN of tested tensile specimens.  
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Figure 86 Fatigue crack growth rate data for 304L steel tested in various atmospheres.  
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Figure 87 Fatigue crack growth rate data for 316L steel tested in various atmospheres. 
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Figure 88 Combined fatigue crack growth rate data for 304L and 316L steels tested in various 
atmospheres.  
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Figure 89 Crack growth acceleration dependence on hydrogen pressure in 304L steel, based on 
data adjusted to 25 MPa√m.  
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Figure 90 Pressure scanning (P-Scan) data of 304L steel presented together with fatigue crack 
growth rate testing data at room temperatures.  
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Figure 91 Crack growth acceleration dependence on hydrogen pressure in 316L steel, based on 
data adjusted to 25 MPa√m.  
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Figure 92 Pressure scanning data of 316L steel presented together with fatigue crack growth rate 
testing data at room temperatures.  
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Figure 93 Crack growth acceleration dependence on test frequency and ∆K in 304L and 316L 
steels, based on data adjusted to 25 MPa√m.  
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Figure 94 Frequency scanning data of 304L steel presented together with fatigue crack growth 
rate testing data at room temperatures at 1 Hz.  
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Figure 95 Frequency scanning data of 316L steel presented together with fatigue crack growth 
rate testing data at room temperatures at 1 Hz.  
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304L, air, 25°C, magnification: x500 
 
∆K=15 MPa√m 
 
 
 
 
 
     Crack growth 
 
∆K=20 MPa√m 
 
∆K=25 MPa√m 
Figure 96 Fracture surface morphology of 304L steel tested in ambient conditions at 1 Hz.  
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316L, air, 25°C, magnification: x500 
 
∆K=15 MPa√m 
 
 
 
 
 
     Crack growth 
 
∆K=20 MPa√m 
 
∆K=25 MPa√m 
Figure 97 Fracture surface morphology of 316L steel tested in ambient conditions at 1 Hz. 
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304L, 450 bar hydrogen, 25°C, magnification: x500 
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Figure 98 Fracture surface morphology of 304L steel tested in 450 bar hydrogen at 25°C at 1 Hz. 
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316L, 450 bar hydrogen, 25°C, magnification: x500 
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∆K=25 MPa√m 
Figure 99 Fracture surface morphology of 316L steel tested in 450 bar hydrogen at 25°C at 1 Hz. 
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304L, 800 bar hydrogen, 25°C, magnification: x500 
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Figure 100 Fracture surface morphology of 304L steel tested in 800 bar hydrogen at 25°C at 1 Hz. 
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316L, 800 bar hydrogen, 25°C, magnification: x500 
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∆K=25 MPa√m 
Figure 101 Fracture surface morphology of 316L steel tested in 800 bar hydrogen at 25°C at 1 Hz. 
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304L, 450 bar hydrogen, 50°C, magnification: x500 
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Figure 102 Fracture surface morphology of 304L steel tested in 450 bar hydrogen at 50°C at 1 Hz. 
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316L, 450 bar hydrogen, 50°C, magnification: x500 
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Figure 103 Fracture surface morphology of 316L steel tested in 450 bar hydrogen at 50°C at 1 Hz. 
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304L, 450 bar hydrogen, -50°C, magnification: x500 
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Figure 104 Fracture surface morphology of 304L steel tested in 450 bar hydrogen at -50°C at 1 Hz. 
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316L, 450 bar hydrogen, -50°C, magnification: x500 
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Figure 105 Fracture surface morphology of 316L steel tested in 450 bar hydrogen at -50°C at 1 Hz. 
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304L, pressure scanning test, 25°C, magnification: x500 
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Figure 106 Fracture surfaces of 304L steel specimen tested at various hydrogen pressures at room 
temperature.  
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316L, pressure scanning test A, 25°C, ∆K=25 MPa√m, magnification: x500 
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Figure 107 Fracture surfaces of 316L steel specimen tested at various hydrogen pressures at room 
temperature. Scanning test ‘A’.  
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316L, pressure scanning test B, 25°C, ∆K=25 MPa√m, magniﬁcaNon: x500 
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Figure 108 Fracture surfaces of 316L steel specimen tested at various hydrogen pressures at room 
temperature. Scanning test ‘B’. 
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304L, frequency scanning test, 25°C, ∆K=15 MPa√m, magniﬁcaNon: x500 
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Figure 109 Fracture surfaces of 304L steel specimen subject to frequency scanning test at low ∆K 
regime. Highest (1 Hz) and lowest (0.01 Hz) investigated frequency steps shown. 450 bar 
hydrogen, 25°C. 
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304L, frequency scanning test, 25°C, ∆K=25 MPa√m, magniﬁcaNon: x500 
 
1 Hz 
∆K=25.5 MPa√m 
da/dN=2E-3 mm/cycle 
 
 
 
     Crack growth 
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∆K=26.6 MPa√m 
da/dN=2E-3 mm/cycle 
 
Figure 110 Fracture surfaces of 304L steel specimen subject to frequency scanning test at high ∆K 
regime. Highest (1 Hz) and lowest (0.01 Hz) investigated frequency steps shown. 450 bar 
hydrogen, 25°C. 
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316L, frequency scanning test, 25°C, ∆K=15 MPa√m, magniﬁcaNon: x500 
 
1 Hz 
 
∆K=15.2 MPa√m 
 
da/dN=7.5E-5 mm/cycle 
 
 
 
 
 
     Crack growth 
 
0.05 Hz 
 
∆K=15.5 MPa√m 
 
da/dN=1E-4 mm/cycle 
 
Figure 111 Fracture surfaces of 316L steel specimen subject to frequency scanning test at low ∆K 
regime. Highest (1 Hz) and lowest (0.05 Hz) investigated frequency steps shown. 450 bar 
hydrogen, 25°C. 
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316L, frequency scanning test, 25°C, ∆K=25 MPa√m, magniﬁcaNon: x500 
 
1 Hz 
 
∆K=26.7 MPa√m 
 
da/dN=3.7E-4 mm/cycle 
 
 
 
 
 
     Crack growth 
 
0.05 Hz 
 
∆K=29.3 MPa√m 
 
da/dN=4.3E-4 mm/cycle 
 
Figure 112 Fracture surfaces of 316L steel specimen subject to frequency scanning test at high ∆K 
regime. Highest (1 Hz) and lowest (0.01 Hz) investigated frequency steps shown. 450 bar 
hydrogen, 25°C. 
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Figure 113 EBSD microstructure composition maps of fatigue crack tip of 304L steel (top) and 
corresponding band contrast map (bottom) of specimen tested in ambient 
conditions. ΔK=32 MPa√m, 2.9x10-4 mm/cycle.   
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Figure 114 EBSD microstructure composition maps of fatigue crack tip of 316L steel (top) and 
corresponding band contrast map (bottom) of specimen tested in ambient conditions. 
ΔK=33 MPa√m, 2.7x10-4 mm/cycle.  
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Figure 115 EBSD microstructure composition maps of fatigue crack tip of 304L steel (top) and 
corresponding band contrast map (bottom) of specimen tested in 450 bar hydrogen at room 
temperature. ΔK=28 MPa√m, 1.8x10-3 mm/cycle.  
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Figure 116 EBSD microstructure composition maps of fatigue crack tip of 316L steel (top) and 
corresponding band contrast map (bottom) of specimen tested in 450 bar hydrogen at room 
temperature. ΔK=27 MPa√m, 3x10-4 mm/cycle.  
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Figure 117 EBSD microstructure composition maps of fatigue crack tip of 304L steel (top) and 
corresponding band contrast map (bottom) of specimen tested in 800 bar hydrogen at room 
temperature. ΔK=41 MPa√m, 1.2x10-2 mm/cycle.  
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Figure 118 EBSD microstructure composition maps of fatigue crack tip of 316L steel (top) and 
corresponding band contrast map (bottom) of specimen tested in 800 bar hydrogen at room 
temperature. ΔK=47 MPa√m, 3.8x10-3 mm/cycle.  
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Figure 119 EBSD microstructure composition maps of fatigue crack tip of 304L steel (top) and 
corresponding band contrast map (bottom) of specimen tested in 450 bar hydrogen at 50°C. 
ΔK=32 MPa√m, 3x10-3 mm/cycle. 
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Figure 120 EBSD microstructure composition maps of fatigue crack tip of 316L steel (top) and 
corresponding band contrast map (bottom) of specimen tested in 450 bar hydrogen at 50°C. 
ΔK=35 MPa√m, 8.7x10-4 mm/cycle.  
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Figure 121 EBSD microstructure composition maps of fatigue crack tip of 304L steel (top) and 
corresponding band contrast map (bottom) of specimen tested in 450 bar hydrogen at -50°C. 
ΔK=40 MPa√m, 3.8x10-3 mm/cycle.   
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Figure 122 EBSD microstructure composition maps of fatigue crack tip of 316L steel (top) and 
corresponding band contrast map (bottom) of specimen tested in 450 bar hydrogen at -50°C. 
ΔK=37 MPa√m, 1.5x10-3 mm/cycle.  
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Figure 123 EBSD grain orientation maps of 304L (top) and 316L (bottom) crack tips of specimens 
tested in ambient conditions.  
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Figure 124 EBSD grain orientation maps of 304L (top) and 316L (bottom) crack tips of specimens 
tested in 450 bar hydrogen at room temperature.  
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Figure 125 EBSD grain orientation maps of 304L (top) and 316L (bottom) crack tips of specimens 
tested in 800 bar hydrogen at room temperature.  
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Figure 126 EBSD grain orientation maps of 304L (top) and 316L (bottom) crack tips of specimens 
tested in 450 bar hydrogen at 50°C.  
Figures 
231 
 
 
 
Figure 127 EBSD grain orientation maps of 304L (top) and 316L (bottom) crack tips of specimens 
tested in 450 bar hydrogen at -50°C.  
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a)  
10 MPa√m                    15 MPa√m 
 
b) 
15 MPa√m                    21 MPa√m 
 
c) 
21 MPa√m                    32 MPa√m 
 
Figure 128 Longitudinal EBSD along the fatigue crack in 304L steel tested in air at room temperature, initial and final ∆K level for each step indicated above each scan 
segment.  
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Figure 129 Longitudinal EBSD along the fatigue crack in 316L steel specimen during a pressure scanning test ‘A’, scan divided into three parts: a)200, 300, 400 bar, b) 450, 
500, 700 bar, c) 800, 1000 bar. 
200 bar 300 bar 400 bar 
450 bar 500 bar 700 bar 
800 bar 1000 bar 
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Figure 130 Quasi cleavage areas (indicated with arrows) on fracture surface of 304L steel tested in 
ambient conditions. 
 
Figure 131 Feature alignment (marked with arrows) in 304L steel tested in ambient conditions, 
ΔK=15 MPa√m, 1 Hz.  
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Figure 132 The suspected thermal twin boundary fracture facets (indicated) in 304L steel tested in 
ambient conditions, ΔK=15 MPa√m, 1 Hz. 
 
Figure 133 Fractured thermal twin boundary showing damage localised to multiple shear bands in 
the grain, 304L steel (indicated). 
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Figure 134 Fracture through thermal twin boundary in 316L steel tested in air. 
 
Figure 135 High magnification of twin facet in Figure 134. 
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Figure 136 Cleavage-like areas (indicated) present on fracture surface of 304L steel tested in 
450 bar hydrogen at 25°C at 1 Hz. 
 
Figure 137 Fine detail on cleavage resembling facet in 304L steel.   
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Figure 138 Aligned, linear, features present on fracture surface on 304L steel tested in 450 bar 
hydrogen at room temperature.  
 
Figure 139 Striations on surface of 304L steel tested in 450 bar.   
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Figure 140 Fracture through twin facet in 304L steel tested in 450 bar hydrogen at room 
temperature.  
 
Figure 141 Potential slip band weakening in 316L, 450 bar hydrogen.   
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Figure 142 Comparison of fracture in 316L steel tested in 450 bar hydrogen at ΔK of 15 (top) and 
20 MPa√m (boXom), nominal magnification 200x.  
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Figure 143 Stringer like fracture areas in 316L steel tested in 450 bar hydrogen at 25°C, 
ΔK=20 MPa√m.   
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Figure 144 Possible secondary crack initiation mechanism in 316L steel. 450 bar, 25°C, ΔK = 
20 MPa√m (top) and 25 MPa√m (boXom) indicated with red arrows. Brittle areas 
highlighted with yellow arrows.  
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Figure 145 Surface of fractured δ-ferrite stringer. 316L, ΔK=15 MPa√m. 450 bar hydrogen, 25°C. 
 
Figure 146 Fracture through martensitic region (indicated) in 316L steel, ΔK=15 MPa√m. 450 bar 
hydrogen, 25°C.  
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Figure 147 Overview of fracture surface of 304L steel tested in 800 bar hydrogen at 25°C at 1 Hz, 
∆K=25 MPa√m. 
 
Figure 148 Fracture of 316L steel tested in 800 bar hydrogen at room temperature. Ferrite 
stringer fracture indicated with arrows.  
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Figure 149 316L steel tested in 800 bar at room temperature. Secondary crack initiation at ferrite 
stringer indicated with arrow.  
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Figure 150 Fracture morphology in proximity to ferrite stringers in 316L steel tested in 800 bar 
hydrogen at room temperature, ordered fracture areas indicated with arrows. 
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Figure 151 Fracture surface of 304L steel tested in 450 bar hydrogen at 50°C at 1 Hz. 
 
Figure 152 Suspected areas of interfacial fracture in 304L steel tested in 450 bar hydrogen at 50°C 
at 1 Hz.  
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Figure 153 Cleavage areas in fracture in 304L steel tested in 450 bar hydrogen at 50°C at 1 Hz. 
 
Figure 154 Fracture of 304L steel tested at 450 bar hydrogen at 50°C at 1 Hz, ∆K=25 MPa√m. 
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Figure 155Suspected twin boundary facet in 304L steel tested in 450 bar hydrogen at 50°C.  
 
Figure 156 Ferrite stringer fracture in 316L steel tested in 450 bar hydrogen at 50°C.  
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Figure 157 Brittle fracture in 316L steel tested in 450 bar hydrogen at 50°C. 
 
Figure 158 Fracture along martensite in 304L steel tested in 450 bar hydrogen at -50°C at 1 Hz. 
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Figure 159 Localised damage and ductility on twin face of 304L steel tested in 450 bar hydrogen at 
-50°C at 1 Hz. 
 
Figure 160 Slip traces on facet in 304L steel tested in 450 bar hydrogen at -50°C at 1 Hz. 
Figures 
252 
 
Figure 161 Fracture through transformed martensite in 304L steel tested in 450 bar hydrogen 
at -50°C, deflected by annealing twin boundaries (indicated).  
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Figure 162 Potential damage initiation at slip bands in 316L steel tested in 450 bar hydrogen 
at -50°C.  
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Figure 163 Slip traces bands in 316L steel tested in 450 bar hydrogen at -50°C. 
 
Figure 164 Aligned fracture under a facet in 316L steel tested in 450 bar hydrogen at -50°C.  
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Figure 165 Fracture through martensitic regions bands in 316L steel tested in 450 bar hydrogen at 
-50°C. 
 
Figure 166 Ordered fracture in 304L specimen tested at 1 Hz in the high ΔK regime in 450 bar.  
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Figure 167 Ferrite stringer fracture and cleavage like areas present on fracture surface of 316L 
steel tested at 1 Hz in the low ΔK regime in 450 bar hydrogen.  
 
Figure 168 Ferrite stringer fracture and cleavage like areas present on fracture surface of 316L 
steel tested at 0.05 Hz in the low ΔK regime in 450 bar hydrogen.  
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Figure 169 Fracture surface of 316L steel tested at 1 Hz in the high ΔK regime in 450 bar 
hydrogen. Brittle appearing regions indicated with arrows. 
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Appendix A Experimental equipment design  
A.1 Introduction 
In order to carry out fatigue testing in high-pressure hydrogen atmospheres, new experimental 
equipment was designed and built to fit the existing testing chamber and allow for sample cooling 
during the testing. In order to complete the project goals and extend the experimental abilities of 
the testing facility, one of the preliminary goals of EngD project has been set to design and 
assembly a loading assembly with heat exchanger to allow for testing of SENB samples in high 
pressure hydrogen at low temperatures. The proposed 3-point bend loading arrangement was 
designed to incorporate a specially designed sample cooling arrangement that uses liquid 
nitrogen supply system built into the vessel. The finalised equipment, installed in the pressure 
vessel has been presented in Figure 175 with the concept generation and design features 
described below. 
A.2 Motivation 
As mentioned in the literature review, current research on hydrogen environment embrittlement 
has mainly concentrated on mechanical testing of susceptible materials in the form of tensile 
testing. Limited work has been done in the areas of fracture mechanics and fatigue failure, partly 
due to experimental machine design limitations. High pressures and cyclic loading present 
structural challenges for the rig design as well as sealing issues, worsened further by thermal 
cycling in the case of cold testing. Accurate load measurement is also difficult due to seal friction 
and the need for the load cell to operate in a high-pressure hydrogen environment. 
The TWI high-pressure vessel managed to overcome these challenges and has been successfully 
used in execution of tensile tests in high-pressure hydrogen. The size of the pressure chamber 
allows for testing of relatively large SENB samples in hydrogen, but the loading arrangement has 
not yet been designed. The EngD project concentrates on fatigue crack growth rates investigation 
in hydrogen, yielding the necessity of performing the design and build work as a part of the EngD 
project as a prerequisite to carrying out the experimental research programme. 
The new system has to execute two main tasks, i.e. sample loading and cooling. In order to 
perform these activities reliably and with ease of operation, numerous requirements and 
constraints had to be identified prior to work commencement. These have been presented in 
section A.3 of the report. 
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A.3 Design requirements 
A.3.1 Collection of requirements 
The requirements for the new apparatus have been gathered in Table 16. Each of the listed 
parameters is accompanied by its objective and reason behind its consideration. For correct 
operation of the rig and obtaining of reliable results, all of the identified requirements needed to 
be considered during the design process.  
A.3.2 Design constraints 
Once the design requirements were identified, limiting factors such as sizing, accessibility and 
ease of maintenance and operation needed to be considered. This would ensure correct 
installation and operation of the machine. The constraints and guidelines considered during the 
design are described below. 
• Chamber size and accessibility 
As the work is being carried out on an existing system, new equipment needs to be compact and 
compatible with existing parts. The layout of the ‘lantern ring’ being the test space in the chamber 
dictates the maximum size of the new parts as well as their orientation and arrangement, it has 
been presented in Figure 170 together with principal axis identification. The proposed loading 
arrangement would need to fit inside the test space and also allow for easy access to operating 
personnel during the test setup. The complexity of the setup activities should be kept to minimum 
to allow for efficient testing and repeatable results.  
• Coupling with actuator ram and internal load cell 
Certain parts on the peripheries of the load train need to integrate with the existing structure. 
Appropriate threading and depth/length of thread on couplings needs to be observed for the 
apparatus to install correctly into the test rig and allow for correct sample orientation and 
alignment in the test space. 
• Heat exchanger design 
In order to provide efficient cooling of the sample the area of contact between the sample and 
heat exchanger needs to be maximised as should be the thermal conduction of the heat 
exchanger material. The crack growth is measured using DCPD technique (direct current potential 
drop), involving passing a known current through the sample and measuring of the resistance 
increase with crack growth. The heat exchanger needs not to interfere with the measurement and 
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needs to be electrically isolated from the sample (isolation from the load train is readily achieved 
by incorporating ceramic rollers in loading arrangement).  
• Cooling ports location and cooling pipe shaping 
Liquid nitrogen is supplied via ports located near the lantern ring base, see Figure 170 . The 
cooling pipe needs to be integrated with the liquid nitrogen supply system, meaning its careful 
placement within the new assembly to ensure correct connection with the sample heat 
exchanger. Bend radii have to be maximised in order to reduce the stress in the tube and 
precautions need to be taken when designing the tube curvature and heat exchanger to allow for 
tolerances during tube bending (as it’s a purely manual process the accurate dimension 
controllability may be of concern). 
• Sample alignment  
The arrangement of the load train and/or supporting structure needs to ensure correct sample 
alignment relative to loading axis and sample characteristic planes as well as ensure that once 
aligned and preloaded, the sample will be securely held in place during test preparation before 
preloading (wire connection, alignment check etc.). Additionally, relevant constraints on selected 
dimensions and relations (orthogonal and parallel relations) of the parts need to be placed in 
order to ensure loading symmetry and good alignment.  
• Equipment assembly and disassembly 
The manufactured parts need to be assembled using reliable and accurate methods. Additionally, 
the pre-test setup and assembly should be easy and not time consuming. Screw connections were 
chosen due to ease of assembly (both primary and pre-test) and ability to correct any 
misalignment due to manufacturing tolerances (both on parts and sample dimensions) 
• Alignment, principal degree of freedom consideration 
The loading axis was chosen as the principal axis of the design. Correct stacking of the 
components is crucial for the design; the stacking direction was chosen to run top to bottom 
along Z-axis, meaning that the topmost component would dictate the elevation of each of the 
following elements of the assembly as well as all adjustments would be done along the Z-axis. 
Such approach allows for future testing of different size specimens by adjusting the position of 
the loading ram, operating through the bottom of the chamber. 
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A.4 The concept 
The design process started with concept proposal and development. The loading arrangement 
followed the general layout as proposed in BS ISO 12108:2002 testing standard for 3-point bend 
testing as well as previously produced equipment in TWI. The sample was to be tested with the 
lower rollers acting as the loading points acting against a fixed, single, top roller in the middle of 
the sample, opposite to the notch. Having the two loading rollers on the bottom was selected to 
ease up the test setup. The loading arrangement has been shown in Figure 171.  
Additional features of the loading assembly involved ability to accept various sample loading 
spans to ensure universality of the apparatus for various testing programmes. Material selection 
was dictated by operating conditions and the whole arrangement was chosen to be made of 316 
stainless steel. The parts comprising the loading assembly are identified and described in Table 
17. 
A.4.1 Cooling system  
The design requirements identified a need for establishing a sample cooling technique which 
would ensure maximum possible efficiency by using thermally conductive materials in direct 
contact with the sample. Additionally, the heat exchanger would need to be easy to assemble 
once placed in the test chamber and allow for sample machining tolerances. In order to achieve 
that, the heat exchanger layout was developed and presented in section A.4.2, below.  
A.4.2 Heat exchanger 
The heat exchanger design was proposed comprising copper blocks which housed the nitrogen 
supply lines, a concept successfully applied before (however not for tests utilizing the DCPD 
system). The area of contact between the heat exchanger and the sample needed to be 
maximised in order to provide efficient cooling but was also required not to interfere (constrain, 
scratch etc.) the surface during crack growth. Access for supporting apparatus such as DCPD 
system used to monitor the crack growth and for the thermocouples monitoring the sample 
temperature was a factor considered during the design process as well.  
The inner slot in the heat exchanger (location of the samples) was designed to be adjustable when 
necessary in order to compensate for machining tolerances as well as optimise the grip force. 
Loose contact would greatly reduce the cooling performance while strong gripping could interfere 
with loading as well as transfer loads to coolant carrying tubes (what needs to be avoided). 
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Various iterations and concepts of the system developed during the process are not described in 
this report to retain clarity of presentation. The final version was presented in Figure 172 and its 
components were described in Table 18. In order to allow for variations in sample breadth the 
heat exchanger sample compartment may be adjusted via adding/removing 0.1mm steel shims 
which will be placed between main cooling blocks as well as cooling jacket supports, the possible 
shim locations are highlighted in Figure 173. The width adjustment would be achieved by locating 
shims between ‘top roller carrier’ and ‘cooling jacket supports’ labelled with number 6 in Figure 
171 and 4 on Figure 172, respectively. 
If necessary, in order to adjust the elevation of the heat exchanger (Z-axis) it can be rotated due 
to its axisymmetric design, achieving 1mm adjustment per half-turn (2 mm pitch on heat 
exchanger support thread). Any further adjustments would be done by using washers/shims 
placed between ‘cooling jacket supports’ and ‘main upper cooling jackets’ labelled 4 and 1 on 
Figure 173 respectively. 
In case of slight deviation of the top part of the cooling tube from the designed shape in X-Y plane, 
the heat exchanger is incorporated with adjustable pipe clamps. Cooling pipe jackets (part 5 in 
Figure 173) are placed on the coolant tube and clamped by main upper and lower cooling jackets 
allowing for 0.5mm clamping tolerance along the Y axis each way. 
A.4.3 Cooling pipe 
One of the critical parts for safe and efficient operation of the chamber was the shape and 
mounting of the nitrogen supply pipe. Material selection was dictated by previously built (and 
certified for use in 1000 bar hydrogen) tubes, which were made of Grade 2 Titanium in form of 
6.35x0.9mm seamless tube. Due to operating conditions (cyclic loading) the tube free-length was 
desired to be maximised in order to minimize any stresses occurring should the heat exchanger 
grip on the sample too hard. Two bends with large curvature (200mm radius) were incorporated 
into the free length to avoid the tube elastically deforming in the case of load transfer to the heat 
exchanger. The bend radii in the top part (installed in the heat exchanger) were to be maximised 
in order to avoid the tube collapsing during shaping and to minimise the residual stresses, a 
common 5/8’’ radius of turn was chosen, obtainable by benders available on the market which 
was seen to give acceptable curvature. The coolant port spacing is 54mm and the matching tube 
spacing was maintained throughout due to challenges in obtaining a complex 3D curvature shape 
in case when spacing was designed to narrow. The final curvature of the tube was shown in Figure 
174, it can be seen that it is effectively comprised of bend curves in 2 planes only (X-Z and X-Y). 
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A.4.4 Heat exchanger electrical isolation 
Since the heat exchanger needs to be in direct contact with the specimen it is important to 
attempt to insulate the parts electrically to avoid any interference with the measurement. The 
insulation needs to be thermally conductive, robust and controllable in terms of thickness and 
evenness to avoid sample misalignment. 
The selected technique was coating of heat exchanger faces with Aluminium Oxide (Al2O3) which 
provides an abrasion resistant, insulating and thermally conducting layer which can be deposited 
on selected areas using controlled HVOF (high velocity oxygen fuel) processes. This process allows 
the coating thickness to be controlled as well as achieving an even layer of coat. In order to 
reduce sample fitting challenges, the coating thickness of 100 μm was selected, giving a 
cumulative space take-up of 200 μm (0.2 mm) allowing the heat exchanger to be easily adjusted 
to compensate for the coating thickness using 0.1 mm steel shim, a commonly used spacer for 
fine adjustments. The adjustment strategy was described earlier in the report, in section A.4.2. 
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Requirement Description Objective Reason 
Size Size of SENB specimen 
under investigation 
Maximize the size of the 
specimen 
Maximise the universality of 
the equipment 
Extract large amount of 
experimental data 
Allow for various 
testing approaches 
Loading 
arrangement 
Provide correct loading 
according to BS ISO 12108 
Provide 3-point loading and 
alignment 
Allow for adjustable sample 
loading span 
Test design and validity  
Universality of the 
equipment 
Sample 
placement 
Positioning the sample on 
the z-axis (see Figure 170) 
Ensure enough clearance 
for wiring connections 
Maximize free length of 
cooling tubes 
Ensure no interference 
with cable connectors 
Reduce fatigue loading 
on coolant tubes  
Integration 
with the 
system 
Ensuring rig compatibility  Fit onto the loading ram 
and load cell  
To be able to connect 
to existing structure 
Sample 
cooling 
Ability of cooling the 
sample for low temperature 
testing 
Provide efficient and 
reliable method of sample 
cooling with no 
interference with test 
measurements 
Carry out low 
temperature 
investigation 
Material 
selection 
Choice of correct materials 
for foreseen operating 
conditions of the apparatus 
Provide reliable loading and 
cooling arrangement that is 
not susceptible to hydrogen 
embrittlement. 
Ensure maximum heat 
transfer in cooling 
arrangement. 
Ensure that the 
apparatus will not be 
affected by hydrogen. 
 
Maximise cooling 
efficiency. 
Tolerance-
stacking  
Ensure that parts will fit 
together when 
manufactured (allowing for 
manufacturing tolerances) 
Correct sample and rig 
alignment, contingency 
measures, repeatability 
To ensure that the parts 
for correct and provide 
alignment 
Table 16 Design requirements for proposed experimental equipment. 
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Component 
(quantity) 
ID on Figure 171 Description/purpose Mounting 
SENB base 
adapter (1) 
1 To provide integration of 
loading assembly with 
hydraulic actuator ram. 
Increase the elevation of SENB 
base to provide clearance for 
wiring and wire connectors. 
M36x2 internal thread 
onto hydraulic ram 
SENB base (1) 2 Platform to mount the whole 
loading arrangement and allow 
for loading span adjustability 
M12x1.75 screw to SENB 
base adapter 
SENB base 
insert (2) 
Not shown Adjustable fixing point of 
loading supports 
M4 internal thread 
SENB support 
leg (2) 
3 Provide supports for rollers.  
Elevating the specimen to 
increase the length of the 
cooling tube 
M4 screw to SENB base 
support + 6x25mm slot 
retainer to SENB base 
Roller 
support plate 
(2) 
4 Interchangeable interface 
between support legs and the 
rollers, allows for roller 
retention and sample 
alignment 
2xM3 screws to support leg 
Sample 
aligner (2) 
5 Retain the sample position 
along the loading span axis 
M3 screw to roller support 
plate + plastic M3 for 
sample fixing 
Top roller 
holder (1) + 
top aligner 
ring (1) 
6 Housing of the top loading 
roller. 
Support of the heat exchanger 
assembly. 
M36x2 external to load 
cell, retained by aligner 
ring (M36x2 internal) 
Table 17 Loading arrangement parts identification.  
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Component 
(quantity) 
Material ID on 
Figure 172 
Description/purpose Mounting 
Main upper 
cooling jacket (4) 
Copper 1 Component to cool the 
specimen via conductive heat 
transfer. 
Support the heat exchanger 
structure 
2xM3x10mm screws 
to cooling jacket 
support, 
2xM3x30mm to 
opposite jacket 
Main lower 
cooling jacket (4) 
Copper 2 Direct cooling of the specimen 
via contact. Allowance for 
clamping around coolant 
transport tube 
2xM3x10mm screws 
to upper cooling 
jacket 
Insulator pads 
(8) 
304 steel 3 Reduce convective heat 
transport in the vessel 
3xM3 screws (each) 
to adjacent cooling 
jacket  
Cooling jacket 
support (2) 
316 steel 4 Provides support and alignment 
for the heat exchanger  
2xM3 screws (each) 
to upper roller 
holder 
Cooling pipe 
jacket (8) 
Copper 5 Ensure good contact with 
coolant supply pipe. 
Allow for deviations from 
designed shape 
Retained by cooling 
jackets, mounted 
directly on cooling 
loop 
Cooling loop (1) Titanium 
Grade II 
6 Supply liquid nitrogen to heat 
exchanger 
Welded to titanium 
supports that 
connect directly to 
the supply system 
(M36x1 thread, 
external) 
Table 18 Cooling assembly parts identification.  
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Figure 170 Lantern-ring layout with principal axis identification. 
 
 
Figure 171 SENB loading arrangement, parts identification presented in Table 17.  
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Figure 172 Cooling assembly layout, parts described in Table 18. 
 
 
Figure 173 Heat exchanger assembly, foreground insulator pads removed to show cooling pipe 
jackets (Part 5), parts identification consistent with Table 18 and Figure 172, example 
shim/washer locations shown by arrows.  
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Figure 174 Cooling pipe, axes consistent with principal axis in Figure 170. 
 
Figure 175 SENB testing equipment installed in 1000 bar vessel test space. 
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Appendix B  Metallographic sectioning of tensile 
specimens 
 
 
 
Figure 176 Section of 304L tensile specimen tested in air at room temperature, microstructure 
near the shoulder (top) and behind the fracture face (middle) shown. Locations also 
shown on the macrograph (bottom).  
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Figure 177 Section of 304L tensile specimen tested in 1000 bar hydrogen at room temperature, 
microstructure near the shoulder (top) and behind the fracture face (middle) shown. 
Locations also shown on the macrograph (bottom).  
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Figure 178 Section of 304L tensile specimen tested in 1000 bar hydrogen at -50°C, microstructure 
near the shoulder (top) and behind the fracture face (middle) shown. Locations also 
shown on the macrograph (bottom).  
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Figure 179 Section of 304L tensile specimen tested in 500 bar hydrogen at 50°C, microstructure 
near the shoulder (top) and behind the fracture face (middle) shown. Locations also 
shown on the macrograph (bottom).  
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Figure 180 Section of 316L tensile specimen tested in air at room temperature, microstructure 
near the shoulder (top) and behind the fracture face (middle) shown. Locations also 
shown on the macrograph (bottom).  
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Figure 181 Section of 316L tensile specimen tested in 1000 bar hydrogen at room temperature, 
microstructure near the shoulder (top) and behind the fracture face (middle) shown. 
Locations also shown on the macrograph (bottom).  
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Figure 182 Section of 316L tensile specimen tested in 1000 bar hydrogen at -50°C, microstructure 
near the shoulder (top) and behind the fracture face (middle) shown. Locations also 
shown on the macrograph (bottom).  
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Figure 183 Section of 316L tensile specimen tested in 500 bar hydrogen at 50°C, microstructure 
near the shoulder (top) and behind the fracture face (middle) shown. Locations also 
shown on the macrograph (bottom). 
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Appendix C Fatigue testing data analysis 
C.1 Background 
This section discusses the approaches developed during the analysis of fatigue crack growth data 
obtained during testing in high pressure hydrogen atmospheres. Correction and smoothing 
techniques are described together with discussion of the data compilation process. The 
procedures were adopted in order to compensate for measurement and test control errors, 
described earlier in the Methodology chapter.  
C.2 Data acquisition and processing, measurement error   
During a fatigue crack growth test, the crack length was continuously measured using a DCPD 
system as described in [Methodology]. Potential drop across the crack faces (voltage) was 
translated to crack length using a model developed by TWI, giving instantaneous crack length 
indication. First order noise reduction was ensured by data acquisition over 7 complete loading 
cycles, compensating for cycle to cycle variations. The readings obtained were used to control the 
test duration (terminating at a given crack length) or test parameters such as frequency or loading 
parameters to provide constant ∆K for the scanning tests.  
Noise in the measured signal has been significantly reduced by improvements in the experimental 
setup, described in the Methodology chapter. However, due to the sensitivity of the equipment 
and the inherently small voltage levels being acquired, certain levels of measurement noise could 
not be avoided. An example of crack length measurement scatter is given in Figure 184. Noise 
levels were seen to vary between tests. In order to compensate for measurement errors, all of the 
acquired data was corrected post-test to ensure that DCPD predicted final crack length matched 
the measured crack length in the fracture surface of the fatigue specimen allowing for calculation 
of corrected fatigue crack growth rates throughout the completed test.  
Depending on the test type, i.e. fatigue crack growth under varying ∆K or scanning test at 
constant ∆K, the crack length measurement error had differing effects on test execution and final 
analysis of results. In a fatigue crack growth test under varying ∆K, the DCPD data is used to 
monitor crack length and enables test termination when a target crack length is reached. All of 
the reported fatigue crack growth tests under varying ∆K were carried out at constant load (so 
increasing ∆K as crack length increases is obtained), and loads were not controlled by live DCPD 
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data. Crack length measurement error could result in premature, or late test termination, with no 
major influence on loading conditions. 
In the case of a scanning test, each of the discrete crack growth was controlled using feedback in 
form of the DCPD measured crack length to allow: 
• Load control to ensure that the target ∆K for each growth step is reached and maintained 
constant, 
• Crack growth increment control, terminating each step after a pre-set crack extension is 
reached. 
In the case of the frequency scanning test, the testing software developed by TWI provided 
complete control of the test execution, altering the frequency and loading parameters throughout 
the test. Pressure scanning tests were managed as a series of individual constant ∆K fatigue tests, 
set up individually for each investigated hydrogen pressure. Error in crack length measurement 
could then cause the actual ∆K level for each growth step to deviate from the target value and 
possibly no longer remain constant during crack growth. Data analysis and correction strategies 
for such errors are presented later in this section. 
C.3 Fatigue crack length data correction  
Measurement of the final crack length by inspection of the fracture faces, allowed the 
determination of DCPD measurement error and adjustment of the crack growth data to represent 
the actual crack growth rate vs. ∆K variation. Inspection of the obtained data revealed that DCPD 
in most cases has underestimated the crack extension with errors ranging from approximately 4% 
to 13% for fatigue crack growth rate under varying ∆K experiments. Similarly, in scanning tests 
(“constant” ∆K), the final crack length was underestimated by the DCPD readings (up to 23%) 
resulting in ∆K increasing within each nominally constant ∆K step as well as overall throughout 
the whole test. The correction method for the data was identical for both test types and consisted 
of two steps, starting with calculation of correction parameter α for each test, defined as: 
 =  !"#$,&'( − * !"#$,+&,+ − * 
Where * is the initial crack length at the test start,  !"#$,&'( is the measured average final crack 
length and  !"#$,+&,+ is the final crack length estimated by DCPD. The parameter was defined as 
a ratio of actual crack extension during the entire test, measured with travelling microscope post-
mortem, to the DCPD indicated value.  Adjustment of the growth data is completed by inspection 
of each crack length measurement data point and correcting its value according to: 
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",&'( = -(" − *) × / + * 
Where " is the point subject to correction, * is the initial crack length for the given test,  is the 
correction parameter and ",&'( is the n-th corrected data point. Once the process is iterated for 
each consecutive crack length measurement the result is an adjusted data set, reflecting the 
actual crack growth during each test. 
The final crack growth length, used in the above calculations, was obtained using the 
measurement method given in BS 7448-4: 1997 standard. The final value is established by 
conducting 9 crack length measurements along the final crack front and taking an average of the 
readings. Since all of the specimens obtained during the project were subjected to sectioning, 7 
measurements were used in the calculation (2 measurements close to the specimen edge could 
not be completed). 
Correction of pressure and frequency scanning tests has followed the described approach. 
Complete data for each specimen were compiled as an uninterrupted crack growth experiment 
and adjusted as a continuous (correct) a vs. N data set. After correction, data for each of the scan 
steps was processed individually. 
C.4 Reduction of the test data  
During the fatigue tests, the crack length was measured intermittently, depending on the 
instantaneous crack growth rate, as determined by the test software. This resulted in large 
variations in acquisition interval (number of cycles between measurement), which coupled with 
measurement noise, resulted in large scatter in compiled da/dN data from the raw a vs N curves, 
as shown in Figure 185. In order to determine a more representative da/dN vs ∆K, a data 
reduction and smoothing strategy had to be introduced. 
First, application of smoothing algorithms has been investigated with LOESS (locally weighted 
scatter-plot smoothing) method using Sigma Plot software. The resultant curves were seen to 
contain plateau-like regions in the high ∆K regime, believed to be artefacts of the calculation 
procedure, shown in Figure 186. Computational methods tend to depend on the density of data 
(here: the increment of crack growth between consecutive readings) that varied throughout the 
analysed test depending on the crack growth rates. At low ∆K levels, the crack growth increment 
between the readings was higher than in the high ∆K range, resulting in less data for the 
computation, which could have caused the observed behaviour. 
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In order to reduce (and smooth) the test data with a limited amount of method artefacts, a 
manual smoothing method was adopted. The raw (corrected) a vs. N curves were processed 
manually with graphical digitisation software. Representative points along each curve were picked 
manually, ensuring that each new selected data point did overlap the raw a vs. N curve. Such an 
approach, although simplistic and somewhat subjective, can be readily verified by plotting raw vs. 
reduced data. Test to test variation in data quality was noted, presenting potential challenges for 
obtaining consistent results with smoothing algorithms. 
An example of manually processed data set is shown in Figure 187. This approach has been 
applied to all fatigue crack growth rate tests discussed in the report. After reduction, the crack 
growth rate during the test was calculated using the secant method. 
Scanning tests were approached individually, depending on the quality of the gathered data. 
Frequency scanning tests showed generally consistent growth data with some degree of noise. 
Software based data smoothing was performed on the second half of each growth segment to 
discard any transient effects during frequency changes. The Loess smoothing algorithm was 
applied with 0.2 sampling proportion using a 2nd degree polynomial, producing 50 a vs. N data 
points for each investigated frequency. The high ∆K regime frequency scan of 304L steel was 
discarded due to significant crack length measurement error (26% underestimation by DCPD) 
resulting in significant increase of ∆K from desired 25 MPa√m to 46MPa√m during the last 
frequency step, the test was then repeated. Data gathered during the repeat test did not require 
smoothing. The final da/dN values for each of the frequency step were determined using the 
secant method, with the average value for each frequency step taken forward to further analysis. 
Pressure scanning tests returned clear, noise free, crack growth data. After correction of final 
crack length, the data were processed in raw form. The full dataset was used for each of the steps 
as transient behaviour was not noted in the a vs. N data. Crack growth rates for each step were 
determined as discussed. 
Due to errors in crack length measurement, each of the crack growth steps in the scanning tests 
are characterised by different ∆K, which would also increase throughout the step and between 
the steps (in all cases the actual crack length was greater than DCPD indicated value). In further 
analysis the average value for each of the steps was reported together with the maximum and 
minimum value of measured ∆K in each step. It is important to note that due to periodical 
verification of crack length during the test (DCPD system is operating at fixed cycle number 
intervals to prevent the specimen from heating up) the ∆K does increase between the load 
shedding is triggered. This, together with overall increase in ∆K due to measurement errors has 
been shown in Figure 188. 
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C.5 Analysis of pressure and frequency scanning data 
While the analysis of fatigue crack growth data was performed by direct comparison with the 
ambient atmosphere results, the scanning test data were processed further to ease the analysis. 
The fatigue crack growth data at each condition are normalised by a chosen baseline (ambient) 
value. This produces a relative descriptor such as a crack growth acceleration factor in fatigue 
testing (or relative reduction in area in tensile tests). The effects of varying ∆K could therefore be 
normalised in this way, allowing for investigation of just the effects of varying pressure or 
frequency. However, fatigue testing of 304L and 316L steels revealed that the Paris exponent (m) 
of the fatigue crack growth rate curve in the ambient condition is greater than in a hydrogen 
atmosphere, meaning that the curves are convergent. This results in a potential underestimation 
of the acceleration factor at higher ∆K levels.  
It is noted that FCGR curves for 304L steel in hydrogen at room temperature are characterised by 
similar slopes. It could thus be argued that each of the steps (da/dN at a certain ∆K level at a given 
pressure) is a part of its parent FCGR curve, schematically represented in Figure 189. The assumed 
curve is then obtained by substituting a known da/dN and ∆K (measured) at each test step 
combined with assumed Paris exponent of 3.334 (from curve fitted to FCGR data of 304L steel 
tested in 800 bar hydrogen). Then the Paris coefficient is calculated obtaining the curve equation 
as follows: 
1 123 = 4567 	→ 4 =
1/12
567  
The 800 bar curve was used in order to provide a conservative estimation of crack rate 
acceleration factor where the 800 bar is the highest pressure used for a full fatigue crack growth 
test and gave highest growth rates for 304L steel. The obtained coefficients are then used to 
obtain an adjusted da/dN value for the target ∆K level of 25 MPa√m as shown in Figure 190. The 
obtained da/dN values for each pressure step were then normalised by da/dN value calculated 
from air fitted data at ∆K of 25 MPa√m. The adjusted acceleraWon factor data are presented in 
the results section.  
An identical approach has been adopted for the 316L steel pressure scanning test results. For 
consistency, the exponent from the 800 bar FCGR curve was used to correct the data. The 
adjustments did not significantly influence the end result since the slopes of hydrogen and air 
data for 316L steel were not significantly different. Additionally, the actual ∆K level error recorded 
during pressure scanning tests of 316L steel was +9% by comparison with +24% in the case of the 
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304L steel tests. (In both cases, and in all steps of the tests the actual ∆K was greater than the 
required 25 MPa√m). 
Frequency scanning test data were adjusted following the technique developed during pressure 
scanning data analysis.  In the frequency scanning tests, the ΔK errors were smaller in 304L steel 
(maximum recorded error was +11%, in the low ΔK regime test) than in 316L steel (maximum 
recorded error of +17% in the high ΔK regime test). The final data has been presented in the 
Results chapter.  
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Figure 184 Crack length vs. number of cycles, 304L steel tested in 450 bar hydrogen at 25°C. 
 
Figure 185 da/dN vs. ∆K based on raw data of 304L steel tested in 800 bar hydrogen at 25°C. 
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Figure 186 Fatigue crack growth curves obtained by LOESS smoothing of raw data, 316L steel 
tested in 800 bar, 25°C hydrogen (red), 450 bar,50°C (green) and 450 bar, 25°C 
(blue). Smoothing artefacts at higher ∆K levels marked with arrows.  
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Figure 187 Example of manual smoothing technique applied to crack length vs. number of cycles 
data of 304L steel tested in 450 bar hydrogen at 25°C. 
 
 
Figure 188 ∆K variation with number of cycles during pressure-scanning test of 304L steel at 
200 bar.  
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Figure 189 Schematic description of pressure scanning test data points constraining their fitted 
Paris law curves 
 
Figure 190 Pressure scanning data correction using fitted Paris law curves for each of the test 
steps. 
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